
Thanks to recent advances in the chemistry of preparing polymers, an increas-
ing number of tools are at our disposal for the design of polymer materials. The
design level ranges form monomer synthesis, controlled stepwise or chainwise
polymerization, block copolymer synthesis, over branching to crosslinking
reactions. Depending on the structure of the individual polymer chains formed
these will be organized in the bulk to give specific properties. Hence, this gives
us two architectural levels: The structure of invidual macromolecules and the
microstructure of the material produced. While both of these organization lev-
els may contribute to the design of materials properties we would ultimately like
to be able to tailor our material to suit desired applications in which surface prop-
erties, mechanical or thermal behavior, processability, optical or electrical
characeristics etc. are crucial. The next decades should see an enormous
advance in nanoscopic and supramolecular chemistry leading to novel prede-
termined properties. Molecular manipulation of nano and microstructures
paves the way to organic polymer materials by design. Such architectures com-
prise both the synthesis and the kinetic and thermodynamics of macromolec-
ular organization and is the theme of this volume.

The book consists of four articles reviewing the literature based on the authors
own experiences over the last decade in this field. It does not claim to be exhaus-
tive nor to provide complete coverage of the very extensive literature in this field.
Instead, it focuses on the currently intense areas of research namely living poly-
merization, block copolymer synthesis, synthesis of dendrimers and finally
macroporous thermosets. Hopefully, this volume will not only serve as a book on
the design of macromolecular architectures but also as a source of inspiration to
produce polymers combining several functional properties.

In the first chapter by P. Dubois and D. Mecerreyes, living polymerization to
produce precisely defined linear polyesters is outlined and also compared to oth-
er living polymerization techniques.In chapter two,C.Hawker describes the syn-
thesis of polymeric dendrimers which are organic globular-like nanoscopic enti-
ties of exact molecular mass and functionality synthesized either by the conver-
gent or divergent approach. How block copolymers are produced to define
micromorphology in high performance polymers and thereby tailoring their
thermal, chemical, mechanical and dielectrical properties is the content of chap-
ter three by J. Hedrick. The book concludes with a fourth chapter by J. Kiefer on
the importance of kinetic and thermodynamics for microstructural organization
in thermosets.
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Recent developments in the macromolecular engineering of aliphatic polyesters have been
overviewed. First, aluminum alkoxides mediated living ring opening polymerization (ROP)
of cyclic (di)esters, i.e., lactones, lactides, glycolide, is introduced. An insight into this so-
called “coordination-insertion” mechanism and the ability of this living polymerization
process to prepare well-defined homopolymers, telechelic polymers, random and block co-
polymers is then discussed. In the second part, the combination of the living ROP of (di)lac-
tones with other well-controlled polymerization mechanisms such as anionic, cationic, free
radical, and metathesis polyadditions of unsaturated comonomers, as well as polyconden-
sations, is reported with special emphasis on the design of new and well-tailored macromo-
lecular architectures. As a result of the above synthetic breakthrough, a variety of novel ma-
terials have been developed with versatile applications in very different fields such as bio-
medical and microelectronics.
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Introduction

 

Biodegradable polymers have attracted widespread attention during the last few
years [1]. This important research effort has been driven by the need for specific
single-use materials in the biomedical field and by the search for biodegradable
substitutes of conventional commodity thermoplastics, in answer to the increas-
ing discarded plastic waste in landfills. Among the various families of biode-
gradable polymers, aliphatic polyesters have a leading position since hydrolytic
and/or enzymatic chain cleavage yields 

 

w

 

-hydroxyacids which in most cases are
ultimately metabolized. As will be discussed later, aliphatic polyesters can be
prepared from a large variety of starting (natural) materials and synthetic
routes. By a judicious choice of the repetitive ester unit(s), one can play at will
with the material properties such as crystallinity, glass transition temperature,
toughness, stiffness, adhesion, permeability, degradability, etc.

Polyesters are currently synthesized by a step-growth process, i.e., a poly-
condensation, from a mixture of a diol and a diacid (or a diacid derivative), or
from a hydroxy-acid when available. Ring opening polymerization (ROP) of cy-
clic esters and related compounds is an alternative method for the synthesis of
aliphatic polyesters. Comparison of these two mechanisms is clearly in favor of
the polyaddition process [2]. Molecular weight of the polycondensates is usually
limited to a few tens of thousands (M

 

n

 

<30,000), and the only way to control it in
this limited range of chain length is the use of terminating (monofunctional)
agents. Even though conversion of the hydroxyl and acid groups is close to com-
pletion, any departure from the reaction stoichiometry has a very detrimental
effect on the chain length. Furthermore, polycondensation of 

 

w

 

-hydroxy acids
leads to the formation of side-reaction by-products, and it requires long reaction
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times together with high temperatures. In contrast, ROP is usually free of these
limitations. Under rather mild conditions, high molecular-weight aliphatic pol-
yesters can be prepared in short periods of time. Table 1 presents the monomer
structures, the related aliphatic polyesters as obtained by ROP, and their abbre-
viations. The thermal characteristic features, i.e., the glass transition and melt-
ing temperatures, are also reported. It is worth noting that in addition to the
chemical methods, many bacteria synthesize, accumulate, and deposit in the
cells aliphatic polyesters which are generally known as poly(hydroxy alkanoic
acids) (PHA). The high stereoselectivity of the enzymatic synthesis produces as

 

Table 1.

 

Monomer structures and polymer melting point and glass transition temperatures 
of the most common aliphatic polyesters obtained by ROP [2, 7]

Monomer Polymer T

 

g

 

 (˚C) T

 

m

 

 (˚C)

Polylactone
Poly(

 

w

 

-hydroxy 
acid)

R=–(CH

 

2

 

)

 

2

 

–

 

b

 

PL, 

 

b

 

-propiolactone P

 

b

 

PL –24   93
R=–(CH

 

2

 

)

 

3

 

–

 

g

 

BL, 

 

g

 

-butyrolactone P

 

g

 

BL –59   65
R=–(CH

 

2

 

)

 

4

 

–

 

d

 

VL, 

 

d

 

-valerolactone P

 

d

 

VL –63   60
R=–(CH

 

2

 

)

 

5

 

–

 

e

 

CL, 

 

e

 

-caprolactone P

 

e

 

CL –60   65
R=–(CH

 

2

 

)

 

2

 

–O-(CH

 

2

 

)

 

2

 

–DXO, 1,5-dioxepan-2-one PDXO –36   –
R=–(CH

 

2

 

–CH(CH

 

3

 

))-

 

b

 

BL, 

 

b

 

-butyrolactone P

 

b

 

BLisotactic

 

a

 

P

 

b

 

BL atactic 
5

–2
180
  –

R=–(C(CH

 

3

 

)

 

2

 

–CH

 

2

 

)-PVL, pivalolactone PPVL –10 245

Polydilactone
Poly(

 

a

 

-hydroxy 
acid)

R

 

1

 

=R

 

2

 

=R

 

3

 

=R

 

4

 

=H GA, glycolide PGA     34 225
R

 

1

 

=R

 

4

 

=CH

 

3 

 

, R

 

2

 

=R

 

3

 

=H L-LA, L-lactide PLLA 55–60 170
R

 

1

 

=R

 

4

 

=H, R

 

2

 

=R

 

3

 

=CH

 

3

 

 D-LA, D-lactide PDLA 55–60 170
R

 

1

 

=R

 

3

 

=CH

 

3 

 

, R

 

2

 

=R

 

4

 

=H meso-LA, meso-lactide PmesoLA 45–55   –
D-LA/L-LA (50–50) D,L-LA, (D,L) racemic lactide PDLLA 45–55   –

 

a

 

Also known as poly(3-hydroxybutyrate) [3]

C O

O

R

C

O

O

O

C

O

R4

R1

R3

R2



 

Novel Macromolecular Architectures Based on Aliphatic Polyesters: Relevance…

 

5

 

a rule polyesters with high crystallinity which have attracted a great deal of at-
tention during the last few years [3].

The first attempts at ROP have been mainly based on anionic and cationic
processes [4, 5]. In most cases, polyesters of low molecular weight were recov-
ered and no control on the polymerization course was reported due to the oc-
currence of side intra- and intermolecular transesterification reactions respon-
sible for a mixture of linear and cyclic molecules. In addition, aliphatic polyes-
ters have been prepared by free radical, active hydrogen, zwitterionic, and coor-
dination polymerization as summarized in Table 2. The mechanistic considera-
tions of the above-mentioned processes are outside the scope of this work and
have been extensively discussed in a recent review by some of us [2]. In addition,
the enzyme-catalyzed ROP of (di)lactones in organic media has recently been
reported; however, even though this new polymerization procedure appears
very promising, no real control of the polyesters chains, or rather oligomers, has
been observed so far [6].

Above all, the discovery that some organometallic compounds are effective in
the synthesis of high molecular weight PCL [7] promoted a renewed interest in
the ROP of lactones, particularly with alkyl metals, metal halides, oxides, car-
boxylates, and alkoxides. These metal compounds were first classified as anionic

 

Table 2.

 

Different chemistries involved in the synthesis of aliphatic polyesters by ROP [2]
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or cationic initiators [8]. Nevertheless, various studies have shown that most
metal derivatives initiate the chain reaction through active covalent bonds [9].
Accordingly some authors classified those ROP as pseudoionic processes, which
commonly involved coordination active species. Although this pseudoionic ROP
allows the synthesis of polyesters of a high molecular weight, control of the po-
lymerization is very difficult to achieve and is rather an exception. Actually de-
pending on the structure of the organometallic derivatives, they can act either
as catalyst, e.g., metal oxides, halides, and carboxylates, or as initiators, which is
the case for metal alkoxides, the metal of which contains free p-, d-, or f- orbitals
of a favorable energy (see next section). In the former case, the Lewis acid-type
catalysts would not be chemically bonded to the growing chains, so that they can
activate more than one chain. As a result, the average degree of polymerization
is not directly controlled by the monomer-to-catalyst molar ratio. Moreover,
transesterification side-reactions also perturb chain propagation which makes
the molecular weight distribution broader (PDI~2). On the other hand, the “ac-
tive covalent” bonds of some of the above metal alkoxides display a good com-
promise of reactivity so that an acceptable control for the lactones ROP could be
achieved. Among them, aluminum alkoxides have proved to promote a ROP
with a restricted occurrence of termination, transfer, and transesterification
side-reactions, showing a high degree of livingness and an unequal versatility in
the preparation of high molecular weight polyesters and novel macromolecular
architectures [10].

The purpose of this review is to report on the recent developments in the mac-
romolecular engineering of aliphatic polyesters. First, the possibilities offered
by the living (co)polymerization of (di)lactones will be reviewed. The second
part is devoted to the synthesis of block and graft copolymers, combining the
living coordination ROP of (di)lactones with other living/controlled polymeri-
zation mechanisms of other cyclic and unsaturated comonomers. Finally, sever-
al examples of novel types of materials prepared by this macromolecular engi-
neering will be presented.

2
Aluminum Alkoxides Mediated Ring Opening Polymerization of Lactones 
and Lactides

Two different mechanisms have been proposed for the ROP of (di)lactones de-
pending on the nature of the organometallic derivatives. Metal halides, oxides,
and carboxylates would act as Lewis acid catalysts in an ROP actually initiated
with a hydroxyl-containing compound, such as water, alcohol, or w-hydroxy ac-
id; the later would result more likely from the “in-situ” hydrolysis of the (di)lac-
tone [11]. Polymerization is assumed to proceed through an insertion mecha-
nism, the details of which depends on the metal compound (Scheme 1a). The
most frequently encountered Lewis acid catalyst is undoubtedly the stannous 2-
ethylhexanoate, currently referred to as stannous octoate (Sn(Oct)2). On the
other hand, when metal alkoxides containing free p-, d-, or f- orbitals of a favo-
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rable energy (Mg-, Sn-, Ti-, Zr-, Fe-, Al-, Y-, Sm-, Zn-alkoxides) are used as ini-
tiators, a two-step “coordination-insertion” mechanism would prevail, which
consists of the lactone complexation onto the propagating species, i.e., the grow-
ing metal alkoxide, followed by a rearrangement of covalent bonds leading to the
cleavage of the metal-oxygen bond of the propagating species and the acyl-oxy-
gen bond of the cyclic monomer (Scheme 1b) [2, 12].

Although some organometallic compounds can allow for the synthesis of pol-
yesters of a high molecular weight, control of the ROP process usually remains a
problem. As an example, in the case of Lewis acid catalyst, molecular weights are
difficult to predict and the molecular weight distribution is broad. Mw/Mn is
close to 2 as the result of the occurrence of side transesterification reactions. On
the other hand, Kricheldorf has studied different metal alkoxides and he has re-
ported that “active covalent” bonds of the investigated metal alkoxides were re-
active enough to generate intramolecular transesterification reactions – also
known as “back-biting” reactions – yielding cyclic oligomers as by-products.
Within the limits of the studied initiators, the reactivity would be
Al(OiPr)3<Zn(OnPr)2<Ti(OnBu)4<Bu3SnOMe<Bu2Sn(OMe)2. In agreement
with these observations, some of us, and more recently Inoue and Penczek, have
reported on the living polymerization of e-CL, as initiated by aluminum alkox-
ides species such as bimetallic (Zn, Al) µ-oxo alkoxides and aluminum triisopro-

Scheme 1. Currently proposed insertion mechanisms in ROP of (di)lactones (schematized
here for lactide monomers)
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poxide [13–15], tetraphenylporphinato aluminum alkoxides [16], and diethyl
aluminum methoxide [17], respectively. Confirming the observed living charac-
ter of the polymerization promoted by aluminum alkoxides, the extent of side
reactions, mainly the “back-biting” ones, has been studied by Penczek et al., who
have quantitatively described the degree of livingness by the so-called selectivity
parameter (b). b is defined as the ratio of the rate constant of propagation to the
rate constant of side reactions (b=kp/ks) and shows the highest value in ROP in-
itiated by Al(OiPr)3 [18]. Recent works have reported on the living polymeriza-
tion of eCL and LA as initiated by lanthanide alkoxides. Although these initiators
look very promising because of the very high polymerization rate, their selectiv-
ity appears to be much less than in the case of aluminum trialkoxides [19–21].

This section aims at reviewing recent advances in ROP of cyclic (di)esters in-
itiated by aluminum alkoxides. The controlled synthesis of high molecular
weight polymers with narrow molecular weight distribution obtained by ROP
initiated by Al(OiPr)3 will be discussed first. Next, the preparation of random
and diblock copolymers, a- and a,w-functional (co)polyesters, will be present-
ed. Then the different factors which affect the polymerization kinetics will be
analyzed. Finally, our attention will be devoted to the synthesis and subsequent
polymerization of functional monomers, the main objective being the straight-
forward preparation of aliphatic polyesters bearing functional pendant groups
all along the main backbone.

2.1
Homopolymerization of Cyclic (Di)esters as Initiated by Al(OiPr)3

Aluminum isopropoxide has proved to be a very effective initiator for the po-
lymerization of lactones: bPL, dVL, eCL, DXO, and bBL and dilactones: D,L- and
L-LA, and GA. It is worth noting that cyclic carbonates, e.g., 2,2-dimethyltri-
methylene carbonate (DTC) and cyclic anhydrides such as adipic anhydride
(AA) have also been polymerized by aluminum trialkoxides with the unique
possibility to control the molecular parameters of the polycarbonate (PDTC)
and polyanhydrides (PAA). This is illustrated in Scheme 2 and the preferred re-
action conditions are given in Table 3.

The ring-opening proceeds through a “coordination-insertion” mechanism
which involves the insertion of the monomer into the “Al-O” bond of the initia-
tor (Scheme 3). The acyl-oxygen bond of the cyclic monomer is cleaved in a way
which maintains the growing chain attached to aluminum through an alkoxide
bond. Polymerization is currently stopped by hydrolysis of the active aluminum
alkoxide bond which leads to the formation of a hydroxyl end-group. Rather as
an exception, the active growing species in polymerization of adipic anhydride
is not an aluminum alkoxide, but an aluminum carboxylate, which leads to a car-
boxylic acid end-group after ultimate hydrolytic deactivation. The second chain
extremity is capped with an ester carrying the isopropoxy radical of the initiator.
Note that as far as the ROP of DTC is concerned, this second end-group turns out
to be an isopropoxy carbonate function.
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Whatever previously listed monomer is considered, the “living” character of
the polymerization has been confirmed by kinetic studies, where polymeriza-
tion is first order in both monomer and initiator. Moreover, the molecular
weight can be predicted by the monomer-to-initiator molar ratio, the molecular
weight distributions are narrow (PDI=1.05–1.20), and the monomer resumption

Table 3. Preferred reaction conditions for the ROP of different monomers as initiated by 
Al(OiPr)3

Monomer Solvent Temperature ˚C Reference

bPL Toluene THF 40 [22]
dVL Toluene THF 0–25 [22]
eCL Toluene THF 0–25 [22–24]
bBL Toluene 75 [25]
DXO Toluene 25 [26]
GAa Toluene 40 [27]
D,L-LA
L,L-LA

Toluene
Bulk

70
110–180

[28]
[29–31]

AAa Toluene CH2Cl2 25 [32, 33]
TMC Toluene 25 [34]

a Due to very limited solubility of PGA and PAA chains in toluene, it is advised to initiate 
the polymerization by living PCL oligomers, [iPrO-PCL-O]3Al, as prepared by eCL ROP 
promoted by Al(OiPr)3

Scheme 2
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experiments are quantitative. Worthy of particular mention is the “living” mech-
anism reported for the bulk polymerization of lactide in absence of any solvent
[29]. Actually, P(L- and D,L-)LA chains of Mn higher than 100,000 can be synthe-
sized in bulk at a temperature ranging from 110 to 180 ˚C. Again, the degree of
polymerization is in close agreement with the starting feed monomer-to-
Al(OiPr)3 ratio. However, some limitations have been observed in ROP of bBL.
At bBL monomer-to-initiator ratios higher than 150, a competition between
propagation and (inter- and intra-molecular) transesterifications, and elimina-
tion reactions, i.e., proton abstraction with the concomitant formation of crot-
onic ester, takes place and the control over the PbBL molecular structure is lost
definitively [25].

2.2
Random and Block Copolymerization

Generally, when two or more monomers of similar reactivity polymerize ac-
cording to the same “living” mechanism, their simultaneous polymerization
leads to random copolymers and their sequential polymerization to block co-
polymers. Accordingly, copolymerization of eCL with dVL [35], TOSUO [36],
and gBL [37] initiated with Al(OiPr)3 in toluene at 25 ˚C leads to highly statisti-
cal copolymers as confirmed by triad analysis by 13C NMR spectroscopy. At the
same time, the control over the molecular parameters and the narrow molecular
weight distributions already observed in the respective homopolymerizations
are maintained. Of particular interest is the case of gBL, the five-membered cy-
clic ester, usually classified as a lactone unable to be ring-opening polymerized
under conventional experimental conditions. However, in the presence of fresh-

Scheme 3
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ly distilled Al(OiPr)3, i.e., predominantly aluminum isopropoxide associated in
trimer known for being the most active species in ROP, gBL has proved to oli-
gomerize up to a DP of ca. 10, in toluene at RT. Furthermore, gBL copolymerizes
with eCL up to about 50 mol% of g-oxybutyryl units content, with high and con-
trolled molecular weights and narrow MWD [37].

Interestingly, the lactones copolymerization is responsible for a decrease in
both Tm and degree of crystallinity of the copolyesters when compared to the
parent homopolymers. This behavior is illustrated in Fig. 1 in the case of po-
ly(eCL-co-dVL) random copolymers [35].

On the other hand, when eCL is copolymerized with dilactones such as GA
[38] and (D- and D,L-)LA [39], tapered or pseudoblock copolymers are obtained
with a reactivity ratio much in favor of the dilactone. As an example, the reactiv-
ity ratios in the copolymerization of eCL and D,L-LA in toluene at 70 ˚C are r1=
0.92 (e-CL) and r2=26.5 (D,L-LA). Very similar reactivity ratios were calculated
for copolymerization between eCL and L-LA, other experimental conditions be-
ing kept unchanged. However the control over the polymerization is lost due to
transesterification side reactions perturbing the propagation step. Such a behav-

Fig. 1. Melting temperature (__,Tm) and enthalpy (–-, DH) of poly(eCL-co-dVL) random co-
polymers at different compositions, as synthesized by “coordination-insertion” ROP initi-
ated with Al(OiPr)3 in toluene at 0 ˚C. FeCL is the molar fraction of eCL in the copolyester.
(Tm and DH were determined by DSC at a heating rate of 10 ˚C/min)
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ior is characterized by the broadening of molecular weight distributions
(PDI~2), the formation of cyclic oligomers, and the randomization of the
comonomer units along the polyester chain, as the monomer conversion in-
creases and approaches completion.

Block copolymers have been prepared by sequential addition of the comon-
omers as well. So far several combinations have been attempted by copolymer-
izing successively different lactones or mixtures of them, e.g., (poly(eCL-b-
dVL), poly[eCL-b-(eCL-co-dVL)] [35] and poly(eCL-b-DXO) [26]. In every one
of the above-mentioned cases, perfectly well-tailored diblock copolyesters are
prepared whatever the nature of the comonomer that is polymerized first. It is
worth recalling that sequential copolymerization involving 1,5-dioxepan-2-one
(DXO, see Table 1) forms a block copolymer in which one block is nothing but
an alternating poly(ester-alt-ether). As will be discussed in Sect.  2.5, diblock
copolyesters with one block selectively functionalized by ethylene ketal groups
spread all along the backbone can be readily prepared through the sequential
copolymerization of eCL with 1,4,8-trioxa(4,6)spiro-9-undecanone (TOSUO)
[40]. The resulting poly(eCL-b-TOSUO) copolyesters offer the advantage of be-
ing easily converted in block copolymers with one sequence bearing either ke-
tone or alcohol pendant functions, by successive and highly selective ketal de-
protection and ketone reduction reactions, respectively. More detail is made
available in the “synthesis and (co)polymerization of functional cyclic ester
monomers” section. As far as the sequential copolymerization of lactones and
dilactones is concerned, block copolymers (poly[eCL-b-(D,L-LA)] and po-
ly(eCL-b-GA)) have been recovered with the exclusive condition that the lac-
tone was added first, followed by the addition of the dilactone after complete
consumption of eCL [27, 41]. The same methodology has led successfully to the
synthesis of block copolymers between eCL and adipic anhydride AA, that is
poly(eCL-b-AA). The polymerization of eCL is initiated first by Al(OiPr)3 and
then AA is added to the living PCL chains. Reverse addition is forbidden since
the ROP of cyclic anhydrides proceeds through aluminum carboxylate growing
species, which are known to be totally inactive in promoting the polymerization
of eCL. Furthermore, PAA chains are poorly soluble in apolar solvent so that
above an Mn of ca. 5000 the polyanhydride as directly initiated by Al(OiPr)3
would precipitate quite rapidly. Starting the polymerization with eCL is a key
solution to overcome this drawback, the living PCL preformed chains responsi-
ble for keeping the whole P(eCL-b-AA) growing copolymer soluble in toluene
[33].

The exclusive formation of the block copolymer has been confirmed by selec-
tive fractionation, NMR spectroscopy, and SEC analysis. For instance, the copo-
lymerization of eCL and dVL has been followed by SEC. Figure 2 compares the
SEC chromatograms of the first PCL block and the final poly(eCL-b-dVL) di-
block copolymer. The molecular weight of the macroinitiator is shifted towards
higher values in close agreement with the theoretical value expected from the
comonomer-to-Al(OiPr)3 molar ratio, and the MWD remains very narrow dur-
ing the copolymerization process (PDI=1.10).
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Interestingly, the ROP of GA by living PCL macroinitiators as initiated by alu-
minum alkoxides has led to PGA chains of unprecedented molecular weights
(Mn as high as 70,000). Note also that symmetrical triblock copolyesters which
present interesting elastomeric properties (see Sect. 4.1), have also been pre-
pared by sequential addition of the eCL and DXO comonomers as will be dis-
cussed in Sect. 4.1.

2.3
Selective End-Functionalization

The synthesis of end-reactive polymers (telechelic macromolecules) of a pre-
cisely controlled molecular weight is an important step for any macromolecular
engineering. In this regard, Al derivatives containing p (p=1,3) functional alkox-
ide groups associated with 3-p inactive alkyl groups have proved to be highly ef-
fective. In agreement with the “coordination-insertion” mechanism discussed
above, the functional group (OCH2X) of the aluminum alkoxides is selectively
attached to the a-chain end via an ester linkage, whereas a hydroxyl end group
is systematically present in the w- position, as the result of the hydrolytic deac-
tivation of the propagating aluminum alkoxide species (Scheme 4).

Functional diethyl aluminum alkoxides have been prepared by reaction of
AlEt3 with an equimolar amount of the corresponding alcohol (XCH2OH). The

Fig. 2. SEC traces of PCL macroinitiator (curve a) and poly(eCL-b-dVL) block copolymer
(curve b). Polymerization conditions: [monomer]0=1 mol/l; ([eCL]0+([dVL]0)/[Al(OiPr)3]0=
200; toluene at 0 ˚C
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reaction equilibrium is favorably displaced by formation and elimination of
ethane [42, 43]. On the other hand, aluminum trialkoxides have been synthe-
sized by substituting the three alkoxy groups of Al(OiPr)3 by the selected func-
tional alcohol. Distillation of the toluene/2-propanol azeotrope allows the sub-
stitution to be complete (Scheme 5) [44].

Polymerization of e-CL and (L- or D,L-)LA is perfectly “living” when initiated
with any of the aforementioned functional aluminum alkoxides in toluene at 25
and 70 ˚C, respectively. This is supported by the close agreement between the
mean degree of polymerization (DP) at total monomer conversion and the mon-
omer-to-initiator molar ratio, the narrow molecular weight distributions (PDI=

Scheme 4

Scheme 5
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1.1–1.3), and the quantitative end-group functionalization as detected by NMR
spectroscopy. Clearly a great variety of asymmetric telechelic a-functional w-
hydroxy PCL and PLA have been recovered owing to the great versatility of the
initiators that can be used. Similarly, the preparation of symmetric telechelic
a,w-hydroxy polyesters has been accomplished by using alkylaluminum di-
alkoxides as difunctional initiators, e.g., Et2Al-O-X-O-AlEt2 where X is either an
aliphatic group or a polymer chain (Scheme 6) [51]. A hydroxyl group is selec-
tively attached at both chain ends as demonstrated by FTIR and 1H NMR spec-
troscopies, and confirmed by titration of the derived a,w-dicarboxylic acid pol-
yesters. Diethylaluminum dithiolates have also been investigated as initiator for
the ROP of eCL. Dithiols have been reacted with a two-fold molar excess of AlEt3,
making Al dithiolates available for the controlled synthesis of hydroxy telechelic
PCL [51]. Synthesis and use of H2N-(CH2)3-OAlEt2 as an initiator also deserve
interest, since the nucleophilic addition of the amino group onto the carbonyl of
the monomer is nothing but an initiation process in addition to the aluminum
alkoxide itself. This is another way to prepare a,w-hydroxy PCL in a living man-
ner [51].

Another general approach to end-functional polyesters relies upon the prop-
er control of the termination step instead of the initiation one. In this regard, the
aluminum alkoxide propagating species or the resulting w-hydroxy end group
after hydrolytic deactivation can be readily modified by reacting with carboxylic
acid derivatives such as acid chlorides, acid anhydrides, or isocyanates. By this
method, different w-functional polyesters have been prepared [10, 43, 51]. The
main advantage of this method is being able to avoid the preparation of the func-
tional aluminum alkoxide. However, the functionalization may not be quantita-
tive, specially when molecular weight is relatively high (Scheme 7).

A more general strategy to approach symmetrical telechelic polyesters con-
sists of the control of both initiation and termination steps. Indeed, combination
of a functional initiator for the (di)lactones ROP with an effective coupling

Scheme 6
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agent, such as terephthalic acid chloride, quantitatively yields an a,w-functional
polyester of a two fold molecular weight [52]. Similarly, end-functional tri-arm
star-shaped PCLs have been prepared using a trifunctional coupling agent
(Scheme 8) [53].

2.4
Kinetic Aspects of the “Coordination-Insertion” ROP

Significant advances in the understanding of the “coordination-insertion” ROP
mechanism have been made owing to the kinetic studies by Duda and Penczek.

Scheme 7

Scheme 8
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As mentioned above, the major advantage of aluminum alkoxide mediated ROP
when compared with most anionic and cationic processes is its living character.
Transesterification side reactions or termination reactions are fully depressed
at least until complete monomer conversion, and polyesters with predictable
molecular weight and narrow MWD, are obtained. However, aluminum alkox-
ides, like other metal alkoxides, are known to be aggregated in solution. This
aggregation plays an important role in the polymerization kinetics. For in-
stance, polymerizations are characterized by an induction period of time be-
fore the initiation step which appears to correspond to a monomer/initiator co-
ordinative rearrangement [10]. This fact can also determine the initiation effi-
ciency. For example, Al(OiPr)3 in toluene leads to a coordinative aggregation
equilibrium between tetramers (A4) and trimers (A3). Depending on the mon-
omer and reaction conditions both species (A3+A4) can act as initiators for the
polymerization (case LA in toluene at 70 ˚C) or only the more reactive A3 can
be involved (case eCL) [54]. On the other hand, the aggregation of some alumi-
num alkoxides was also observed during the propagation step. For instance, in
the polymerization of eCL initiated in apolar solvent with dialkyl aluminum
monoalkoxides, R2AlOR', the covalent “Al-O” growing species proved to asso-
ciate and form inactive aggregates. The type and size of the aggregates depend
on the solvent polarity, the nature of the alkyl R substituents, and the presence
of coordinative ligands such as amines and alcohols. Actually, only the small
fraction of disassociated aluminum alkoxides (in equilibrium with the aggre-
gates) are active in ROP of (di)lactones. This polymerization behaves as a “liv-
ing-dormant” polymerization, often known as “pseudoliving” polymerization
(Scheme 9) [55].

Scheme 9
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Apart from the alkoxides aggregation, the different factors which affect the
kinetics of the (di)lactones ROP initiated by aluminum alkoxides might be sum-
marized as follows.

a) Nature of the alkoxides: aluminum trialkoxides propagate faster than dialkyl
aluminum monoalkoxides due to the higher ionicity of the Al-O bond in the
former case [56].

b) Temperature: as expected, the overall polymerization rate increases with tem-
perature. However, at high temperature the transesterification side reactions
may occur, limiting the molecular weight, broadening the MWD, and yielding
cyclic oligomers [56].

c) Solvent: the polymerization proceeds faster in non-polar solvents. This is ex-
plained by the fact that polar solvents compete with the monomer in coordi-
nating the reaction sites, i.e., the aluminum atom of the growing species. In
other words, the solvent prevents or at least limits the access of the monomer
to the reaction site, thus decreasing the overall rate of polymerization [56, 57].

d) Additives: external additives can modify the rate of polymerization by three
different mechanisms.
1 By acting as transfer agents. It has been established by kinetic studies that

low-molecular weight alcohols and diols, which have been introduced into
the polymerization mixture of eCL and Al(OiPr)3, operate as chain-trans-
fer agents. Accordingly, they participate in the initiation step in such a way
that the total initiation species equals three isopropoxy groups of
Al(OiPr)3, plus the added alcohol (diol) molecules. Moreover, they can also
act either as decelerators in polymerization initiated with highly active
Al(OiPr)3 trimers (A3), or as accelerators in polymerization initiated with
much more stable and accordingly less active Al(OiPr)3 tetramers (A4). Al-
cohols actually modify and shift the equilibrium between the A3/A4 aggre-
gates, facilitating the transformation of the low reactive A4 into A3 (or oth-
er more reactive initiating species) [58].

2 By provoking the complete deaggregation of the growing chains as initiat-
ed by R2AlOR'. This is the case of secondary amines, the addition of which
increases the overall rate of polymerization [55].

Scheme 10
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3 By increasing the Al-O bond reactivity. This effect has been observed when
Lewis bases, such as pyridine, picoline, and nicotine, were added to the re-
action mixture in equimolar amount relative to the Al alkoxide active spe-
cies [30–33]. This kinetic effect is triggered by a specific coordination of
the Lewis base onto the Al atom of the growing site which may increase the
ionicity of the Al-O bond (Scheme 10a). These additives have to be added
in the right amounts. An excess generally produces a decrease in the po-
lymerization rate. The ligand does not act as an activator any more but
rather blocks the growing sites, preventing the monomer from coordinat-
ing the aluminum alkoxide. It is worth noting that Inoue et al. have recently
reported on the kinetic activation of dVL polymerization initiated by tet-
raphenylporphinato (TPP)Al alkoxide in the presence of bulky Lewis acid
compounds [59]. In that precise case, the extremely fast polymerization
has been attributed to the coordinative interaction between the monomer
and the bulky Lewis acid (Scheme 10b).

2.5
Synthesis and (Co)polymerization of Functional Cyclic Ester Monomers

Special attention has been paid to the preparation of biodegradable polymers
bearing functional pendant groups. The availability of functional pendant
groups is highly desirable for the fine tuning of properties like crystallinity, glass
transition temperature, hydrophilicity, and chemical reactivity in view of, e.g.,
attachment of drugs, improvement of biocompatibility, and promotion of bioad-
hesion. Several examples of functional monomers and their (co)polymerization
have been reported in the literature (Scheme 11).

Although important efforts have been devoted to the synthesis of functional-
ized monomers, which is very often complex and tedious, only one example of
controlled/living (co)polymerization has been reported so far. This is the case of
the 5-ethylene ketal e-caprolactone, precisely 1,4,8-trioxa(4,6)spiro-9 undecan-
one (TOSUO), which is readily synthesized by a one-step oxidation reaction of
the commercially available monoethylene ketal of the 1,4-cyclohexanedione
[36]. TOSUO has proved to homopolymerize in a “living” way when initiated by
Al(OiPr)3 in toluene at 25 ˚C (Scheme 12) [66]. As a result, well-defined homo
PTOSUO, but also random and block copolymers with eCL, were prepared [36,
40]. Treatment of the (co)polyester chain with (C6H5)3CBF4 in CH2Cl2 at RT al-
lows for the quantitative deprotection of the pendant ketone functions. Further-
more the reduction of the formed ketone into hydroxyl groups has been per-
formed selectively by NaBH4 in CH2Cl2/EtOH solvent mixture at RT. Important-
ly, no chain scission has been detected by SEC and 1H NMR spectroscopy, nei-
ther after the deprotection step nor after the reduction one. Thus aliphatic pol-
yesters bearing either ketone pendant groups or hydroxyl pendant groups can be
readily synthesized, which opens new application prospects. It is worthwhile
pointing out that the controlled copolymerization between TOSUO and lactides
has also been successfully performed. Aliphatic polyesters with hydroxyl groups



20 D. Mecerreyes, R. Jérôme, P. Dubois

highly reactive toward AlEt3 provided a macroinitiator for (di)lactones polym-
erization, so that synthesis of biodegradable functional comb, graft, and dendri-
graft aliphatic polyesters has been possible (see Sect. 3.1). The poly(eCL-co-TO-
SUO) copolyesters have proved to be easily redispersed in water. Compared to
pure PCL in the same molecular weight range that gives a crude precipitate, both
homo PTOSUO and copolymers with eCL provided stable dispersions in water
of a mean size below 100 nm (see Sect. 4.4). On the other hand, poly(eCL-co-TO-
SUO) copolymers with at least 15 mol% TOSUO units statistically distributed
along the backbone displayed a low Tg of ca. –40 ˚C, making them valuable rub-

Scheme 11
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bery materials to be used in combination with semicrystalline PCL. Therefore,
poly[eCL-b-(eCL-co-TOSUO)-b-eCL] symmetrical triblock copolyesters repre-
sent potential biodegradable and biocompatible thermoplastic elastomers.

3
Synthesis of Block and Graft Copolymers by Combination of (Di)lactones Ring 
Opening Polymerization with Other Living/Controlled Polymerization 
Processes

Macromolecular engineering is the ultimate goal of the polymer chemist when
he has a monomer or a family of monomers at his disposal. Once each step of the
polymerization process is carefully controlled, every molecular parameter of the
polymer is predictable: molecular weight, tacticity, molecular weight distribu-
tion, nature of the end groups, microstructure, and composition, and block

Scheme 12
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length in the case of copolymers. Like pieces of a construction set, these properly
tailored macromolecules can then be used to design new polymeric materials
[67, 68]. Block and graft copolymers are convincing examples of well-controlled
molecular architectures that comprise at least two polymeric components and
lead to original materials, e.g., thermoplastic elastomers, polymeric emulsifiers,
surface modifiers, etc.

With the idea of extending the scope of the macromolecular engineering of
aliphatic polyesters, the “coordination-insertion” ROP of lactones and dilac-
tones has been combined with other polymerization processes. This section
aims at reviewing the new synthetic routes developed during the last few years
for building up novel (co)polymer structures based on aliphatic polyesters, at
least partially.

3.1
Ring Opening Polymerization

Considerable effort has been carried out by different groups in the preparation
of amphiphilic block copolymers based on poly(ethylene oxide) PEO and an
aliphatic polyester. A common approach relies upon the use of preformed w-hy-
droxy PEO as macroinitiator precursors [51, 70]. Actually, the anionic ROP of
ethylene oxide is readily initiated by alcohol molecules activated by potassium
hydroxide in catalytic amounts. The equimolar reaction of the PEO hydroxy end
group(s) with triethyl aluminum yields a macroinitiator that, according to the
coordination-insertion mechanism previously discussed (see Sect. 2.1), is high-
ly active in the eCL and LA polymerization. This strategy allows one to prepare
di- or triblock copolymers depending on the functionality of the PEO macroin-
itiator (Scheme 13a,b). Diblock copolymers have also been successfully pre-
pared by sequential addition of the cyclic ether (EO) and lactone monomers us-
ing tetraphenylporphynato aluminum alkoxides or chloride as the initiator [69].

Of special interest is the heterogeneous catalytic coordination ROP process
recently proposed by Hamaide et al. [117–119]. The catalytic system was ob-

Scheme 13
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Scheme 14
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tained by grafting alkyl aluminum moieties onto silica. Porous silica (surface ar-
ea: 320 m2/g) was reacted with triisobutylaluminum in order to replace all the si-
lanol groups by Si-O-AlR2 bridges (Scheme 14a). Adding alcohol in excess
caused the formation of aluminum alkoxides and allowed the catalytic mode,
because of a rapid exchange reaction between the grafted active centers and the
free alcohols present in the medium. All the polymer chains were end-capped by
these alcohol molecules, which gave functionalized oligomers (Scheme 14b).
The catalytic systems based on aluminum alkoxide grafted onto silica has
proved to be efficient in ROP of epoxides, such as ethylene oxide (EO) and pro-
pylene oxide (PO), lactones (eCL) and lactides [118]. Despite the fact that heter-
ogeneous catalyst generally results in a dispersion of properties, the exchange
reaction between alcohols and active alkoxide species averages the structures of
the chains and allows narrow MWD (Scheme 14c). Not only tailor-made w-func-
tionalized oligomers but also random and block (oligo)copolymers have been
produced. Note that a continuous process has been set up and that the recycling
of the catalyst can be performed after washing the support [119].

Block copolymers of (R,S)-b-butyrolactone and eCL have been synthesized
by combining the anionic ROP of the first monomer with the coordinative ROP
of the second one (Scheme 15) [71]. The first step consisted of the synthesis of
hydroxy-terminated atactic PbBL by anionic polymerization initiated by the al-
kali-metal salt of a hydroxycarboxylic acid complexed with a crown ether. The
hydroxyl end group of PbBL could then be reacted with AlEt3 to form a macroin-
itiator for the eCL ROP.

Using the opposite strategy, preformed w-aliphatic primary amino PCL has
been shown to be an efficient macroinitiator for the ROP of g-benzylglutamate
N-carboxy anhydride (BG-NCA) leading to original biodegradable P(eCL-b-BG)
diblock copolymers. Interestingly, the polybenzylglutamate segment can be se-
lectively hydrogenated into polyglutamic acid, i.e., a hydrophilic polypeptide
block, making available new biocompatible and biodegradable block copolymer
surfactants (Scheme 16a) [72]. The key problem for the successful block copol-

Scheme 15
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Scheme 16

Scheme 17
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Scheme 18
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ymerization of eCL and amino acid-NCAs was the synthesis of w-aliphatic pri-
mary amino PCL. As previously reported (see Sect. 2.3), initiation of eCL polym-
erization with an aluminum alkoxide containing a primary amino group leads
to an a,w-hydroxy PCL instead of the expected a-NH2, w-OH polymer. An initi-
ator that contains a masked amine was then proposed. In this respect, a bro-
mine-containing diethylaluminum alkoxide, Br(CH2)12OAlEt2, has proved to be
a valuable candidate, since it is easily converted into the expected primary amine
(Scheme 16b). The polypeptide (PBG) block is thus terminated with a primary
amine so that a coupling reaction would lead to the related PCL-b-polypeptide-
b-PCL triblock copolymer. After selective hydrogenation, this type of am-
phiphilic triblock copolymers are precursors of physically cross-linked hydro-
gels.

Pitt et al. [65], and more recently, Albertsson et al. [73], have prepared chem-
ically cross-linked aliphatic polyesters by ROP of the corresponding cyclic ester
monomers in the presence of g,g'-bis(e-caprolactone)-type comonomers
(Scheme 17). The cross-linked films displayed different swelling behaviors, de-
gradability, and elastomeric properties depending on the nature of the lactone
and composition of the comonomers feed.

Recently, our laboratory reported on the first synthesis of fully biodegradable
graft copolyesters by coordinative ROP. A PCL with pendant hydroxyl groups
has been prepared by copolymerization with a few molar percent of TOSUO and
subsequent ketone deprotection and reduction (see Scheme 12b). Reaction of
the pendant hydroxyl groups with a slight excess of triethyl aluminum provides
a multifunctional macroinitiator for the controlled ROP of eCL and lactides with
formation of comb-like or graft copolymers, respectively (Scheme 18). If the
grafts also contain TOSUO units, the release of the hydroxyl groups through the
same procedure as previously, and their reaction with AlEt3, allow an additional
grafting reaction from being performed, leading to hyperbranched structures
[74]. By judiciously controlling the lactone, e.g., eCL/TOSUO molar ratio and the
initial content in Al(OiPr)3 initiator, one has the possibility of tailoring the graft-
ing density, the graft length, and the grafts distribution along the polyester
backbone by, e.g., sequential addition of eCL and eCL/TOSUO comonomer mix-
tures.

3.2
Anionic Polymerization

w-Hydroxy terminated polymers prepared by anionic polymerization, e.g., pol-
ystyrene (PS-OH) or polybutadiene (PBD-OH), have been transformed in effi-
cient macroinitiators leading to the synthesis of poly(S-b-CL) or poly(BD-b-CL)
diblock copolymers [75]. For that purpose, soluble zinc and aluminum µ-oxo-
alkoxides have been investigated as initiator precursors. One alkoxide group of
the µ-oxo-alkoxides was substituted by either PS-OH or PBD-OH, all the other
alkoxide groups being replaced by inactive carboxylate moieties as schematized
hereafter (Scheme 19).
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Similar block copolymers, i.e., poly(S-b-CL), poly(BD-b-CL) as well as po-
ly(S-b-BD-b-CL) ABC triblock copolymers have recently been prepared by Sta-
dler et al. by sequential anionic polymerization (Scheme 20) [76]. Addition of

Scheme 19

Scheme 20
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1,1-diphenylethylene is required in order to decrease down the too high reactiv-
ity of the polybutadienyl anions toward the initiation of the purely anionic ROP
of eCL. Furthermore, due to the inevitable inter- and intramolecular transester-
ification reactions in anionic ROP, especially at higher monomer conversion, the
eCL polymerization time has been strictly controlled and the copolymerization
was stopped by hydrolytic deactivation well before reaching quantitative eCL
conversion.

Recently, our laboratory has developed a new method for the synthesis of po-
ly(alkyl methacrylate-g-lactone) graft copolymers [77]. It consists of a set of two
consecutive living polymerizations, i.e., an anionic polyaddition followed by a
“coordination-insertion” ROP. In the first step, an alkyl methacrylate, e.g., me-
thyl or n-butyl methacrylate, was copolymerized with a few molar percent of
(trimethylsiloxy)ethyl methacrylate via a living anionic (co)polymerization as
promoted by 1,1-diphenylhexyllithium (DPHLi) in the presence of lithium chlo-
ride salt (LiCl) in THF at –78 ˚C. Deprotection of the hydroxyl function followed
by the equimolar reaction with triethyl aluminum led to a multifunctional meth-
acrylic macroinitiator for lactone ROP, with several initiating sites along the
main backbone (Scheme 21). The second step consisted of the lactone ROP. The
ROP was again perfectly well controlled and yielded graft copolymers of methyl
and n-butyl methacrylates and lactones such as eCL, dVL, and TOSUO. The graft
copolymers were characterized by a polymethacrylate main backbone and pol-
yester grafts of predetermined molecular weight, a controlled branch density,
and a narrow apparent polydispersity that ranged from 1.05 to 1.20. SEC analysis

Fig. 3. Comparison of SEC traces for poly(MMA-co-HEMA) starting macroinitiator
(curve a) and poly(MMA-g-CL) final graft copolymer (curve b). For synthetic conditions,
see Scheme 21
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of the poly(MMA-g-CL) copolymer shows the expected increase in molecular
weight with no remaining trace of unreacted starting macroinitiator (Fig. 3).

3.3
Cationic Polymerization

Harris and Sharkey have converted isobutylene polymers into thermoplastic
elastomers by the grafting of semi-crystalline polypivalolactone segments, the
melting temperature of which is of ca. 245 ˚C [78]. The “grafting-from” tech-
nique was investigated on poly(isobutylene-co-p-methylstyrene) random copol-
ymers, which were synthesized by cationic copolymerization. Active initiation
species were generated by metalation of the benzylic carbons, followed by a car-
boxylation reaction and then formation of ammonium carboxylate pendant
groups (Scheme 22). The ROP of PVL was initiated by those carboxylic acid salts
positioned all along the polyisobutylene backbone. Nevertheless, the control
over the graft copolymers parameters was very poor.

In a similar way, the “grafting-from” technique has been applied to the syn-
thesis of poly(chloroethylvinylether) chains by grafted PCL segments, i.e., po-
ly(CEVE-g-CL) graft copolymers. Purposely cationically prepared PCEVE were
partially modified by the introduction of 5–10% hydroxyl groups [79]. An equi-
molar reaction of the pendant hydroxyl functions with HAliBu2 provided di-
isobutyl aluminum monoalkoxides dispersed along the polyether backbone,

Scheme 21
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Scheme 22

Scheme 23
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which again proved to be active in coordinative ROP of eCL. Substitution of
PCEVE macrocycles for the PCEVE linear chains led to novel “sun-like” graft co-
polymers with well-defined molecular parameters (Scheme 23) [80].

3.4
Radical Polymerization

The last decades have witnessed the emergence of new “living”/controlled po-
lymerizations based on radical chemistry [81, 82]. Two main approaches have
been investigated; the first involves mediation of the free radical process by sta-
ble nitroxyl radicals, such as TEMPO while the second relies upon a Kharash-
type reaction mediated by metal complexes such as copper(I) bromide ligated
with 2,2'-bipyridine. In the latter case, the polymerization is initiated by alkyl
halides or arenesulfonyl halides. Nitroxide-based initiators are efficient for sty-
rene and styrene derivatives, while the metal-mediated polymerization system,
the so called ATRP (Atom Transfer Radical Polymerization) seems the most ro-
bust since it can be successfully applied to the “living”/controlled polymeriza-
tion of styrenes, acrylates, methacrylates, acrylonitrile, and isobutene. Signifi-
cantly, both TEMPO and metal-mediated polymerization systems allow molec-

Scheme 24
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ular weight and chain end functionality to be controlled accurately, while poly-
dispersity remains narrow (PDI<1.5). In collaboration with Hawker et al., we
have recently combined this new radical chemistry with aluminum alkoxide in-
itiated ROP of lactones in order to obtain well-defined block and graft copoly-
mers. Quite interestingly, we introduced the original concept of performing si-
multaneous dual living polymerizations as a novel one-step approach to block
copolymers [83]. For example, from a hydroxy functionalized alkoxyamine ini-
tiator, both living ROP of eCL catalyzed by Sn(Oct)2 and controlled free radical
polymerization of styrene take place without the need for any intermediate steps
(Scheme 24). It means that two different chains, i.e., PCL and PS chains, are
growing away from the “biheaded” initiator, simultaneously and via two drasti-
cally different mechanisms.

In a very similar way, hydroxy functionalized ATRP initiators such as 2,2,2-
tribromoethanol can be used for the simultaneous polymerization of eCL and
MMA (Scheme 25) [83]. Purposely, the ROP of eCL is promoted by Al(OiPr)3
added in catalytic amount so that the rapid alcohol-alkoxide exchange reaction
(see Sect. 2.4) activates all the hydroxyl functions. In order to avoid initiation by
the isopropoxy groups of Al(OiPr)3. The in-situ formed iPrOH is removed by
distillation of the iPrOH/toluene azeotrope. On the other hand, the ATRP of
MMA is catalyzed by NiBr2(PPh3)3. The two aforementioned one-step methods
provide block copolymers with controlled composition and molecular weights,
but with a slightly broad MWD (PDI=1.5–2).

In a more conventional approach, poly(S-b-CL) and poly(MMA-b-CL) block
copolymers have been prepared from the same components as described previ-
ously, but in a two-step process via macromolecular initiators [47]. In a first step,

Scheme 25
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a-hydroxy PS and a-hydroxy PMMA have been prepared by controlled radical
polymerization. After transformation of the hydroxyl end groups into alumi-
num alkoxide functions, these polymeric initiators can be used to initiate the
ROP of eCL (Scheme 26, shown for poly(MMA-b-CL) copolymers). On the other
hand, a-TEMPO and a-CBr3 PCL prepared by living coordinative ROP initiated
with the hydroxy functionalized alkoxyamine and CBr3CH2OH have been able
to initiate quantitatively the controlled polymerization of styrene and methyl
methacrylate, respectively. By this two-step method, block copolymers with
controllable composition and molecular weight for each blocks were recovered
with narrow MWD (PDI=1.1–1.3). This strategy has been extended successfully
to other monomers such as D,L-LA and L-LA and functional methacrylates,e.g.,
2-hydroxyethyl methacrylate [84]. Furthermore, the isolated diblock copoly-
mers are again potential macroinitiators for additional ROP of (di)lactones or
ATRP of unsaturated monomers, paving the way to novel ABC triblock or other
multiblock copolymers.

Concerning the synthesis of graft copolymers, Jedlinski et al. have prepared
poly(MMA-g-bBL) copolymers via anionic grafting of bBL from a modified
PMMA backbone [85]. PMMA chains were partially saponified by potassium hy-
droxide and complexed by 18C6 crown ether so as to act as multifunctional mac-

Scheme 26
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roinitiators for the bBL anionic polymerization (Scheme 27). Although the graft
efficiency was high and the branch density easily predetermined by the degree
of saponification, the use of poorly defined PMMA backbones, actually obtained
by a conventional non-controlled free radical polymerization, yielded graft co-
polymers with broad MWD. In a similar approach, Caywood et al. prepared po-
ly(ethylacrylate-g-pivalolactone) copolymers which displayed interesting ther-
moplastic elastomer properties [86].

Some of us [46] and Egiburu et al. [87] have studied the “macromonomer
technique” as a method for producing PCL- and PLA-containing graft copoly-
mers. Purposely, PLA and PCL macromonomers have been prepared by eCL and
LA coordinative ROP as initiated by the reaction product of 2-hydroxyethyl
methacrylate (HEMA) and AlEt3 (see Scheme 5). These polyester macromono-
mers have been copolymerized with styrene and methacrylate derivatives by us-
ing AIBN as a free radical initiator. Nevertheless, due to the free radical process
used in the copolymerization step, there was a lack of control over the formation
of the main backbone. Graft copolymers polydispersed in compositions and
molecular weights were accordingly obtained. In order to overcome this draw-
back we have examined again both metal- and nitroxyl-mediated control-
led/“living” radical polymerization [88]. According to the synthetic strategies
depicted in Scheme 28, a variety of graft copolymers were prepared among dif-
ferent styrenic and (meth)acrylic monomers and PCL and PLA grafts. The graft
copolymers were characterized by controlled compositions, predetermined mo-
lecular weights for backbone and grafts, and narrow MWD (PDI=1.2–1.4). Fur-

Scheme 27
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thermore, the radical process allowed the introduction of functional groups into
the graft copolymers by copolymerization of HEMA, methacrylic acid, etc.

3.5
Ring Opening Metathesis Polymerization

The recent developments of ring-opening polymerization (ROMP) have opened
new avenues for synthesizing new polymeric materials [89]. Of particular im-
portance is the emergence of ruthenium-based catalyst due to its versatility and
compatibility with different polar functionalities and a diminished sensitivity to
atmospheric oxygen and water [90]. Our laboratory has pursued the synthesis of
graft copolymers by combining coordinative ROP and ROMP processes. To this
end, a-norbornenyl PCL macromonomers were prepared by using a purposely
functionalized aluminum monoalkoxide as initiator (see Scheme 5) [50]. Once
again, the molecular parameters of the PCL macromonomers were perfectly
controlled. Copolymerization of norbornene and the a-norbornenyl PCL mac-
romonomers was promoted by a ruthenium based catalyst developed by Noels
and Demonceau (Scheme 29) [90]. The active catalyst is generated in-situ by re-
action of trimethylsilyldiazomethane (TMSD) and [RuCl2(p-cymene)]2 in the
presence of tricyclohexylphosphine (PCy3) in chlorobenzene at 60 ˚C. Under
these experimental conditions, graft copolymers with a quite narrow MWD

Scheme 28
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(PDI=1.2–1.4) were prepared at the strict condition to control kinetically the co-
polymerization step. Actually, long reaction times are much more favorable to
transfer side reactions with a concomitant broadening of the MWD and the for-
mation of cyclic chains.

Very recent work has demonstrated the ability of ROMP to homopolymerize
a-norbornenyl PS and PEO macromonomers in a controlled way and with high
yields [91]. This new strategy has led to the preparation of PCL polymacromon-
omers by homopolymerization of the above-mentioned a-norbornenyl PCL
macromonomers using the same Ru based catalyst (Scheme 30) [50]. It is worth
pointing out the quantitative recovering of high molecular weight polymacrom-
onomers with very narrow MWDs (PDI=1.10) as observed by SEC (Fig. 4).

Scheme 29

Scheme 30
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Fig. 4. SEC traces for PCL macromonomer (curve a) and PCL polymacromonomer
(curve b) For synthetic conditions, see Scheme 30

Scheme 31
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Moreover, alcohol functionalities have been introduced into the polynor-
bornene (PNB) backbone by copolymerization of norbornene with a few per-
cent of 5-acetate norbornene and subsequent acetate reduction. After transfor-
mation of the pendant hydroxyl functions into diethyl aluminum alkoxides, eCL
has been ring opening polymerized (Scheme 31). Owing to the controlled/“liv-
ing” character of both polymerization processes the isolated poly(NB-g-CL)
graft copolymers were characterized by well-defined composition, controlled
molecular weight and branching density, and narrow MWD (PDI=1.2–1.4) [92].

3.6
Polycondensation

Although polycondensation does not lead to well-defined polymers with pre-
cisely controlled molecular weight and narrow MWD, it offers easy access to pol-
ymer families and structures difficult or impossible to be obtained through a
polyaddition process. For instance, the synthesis of multiblock copolymers is
readily achieved by the step-growth process. Despite their commercial interest,
only a few examples of the introduction of aliphatic polyester oligomers as
building blocks in polycondensates have been reported in the scientific litera-
ture. As an example, Maglio et al. used hydroxy-terminated PL-LA oligomers,
coded as HO-(PLA)-OH, together with sebacoyl dichloride and 1,6-hexanedi-
amine in the synthesis of random multiblock PL-LA-polyamide copolymers by
means of a two-step polycondensation (Scheme 32) [93].

Another approach was attempted by Seppala and Kylma who reported the
synthesis of poly(ester-urethane)s by condensation of hydroxyl terminated tel-
echelic poly(CL-co-LA) oligomers with 1,6-hexamethylene diisocyanate
(Scheme 33) [94]. The diisocyanate acts as chain extender producing an increase
in molecular weight of the preformed oligomers. The authors claim that some of
the copolymers present elastomeric properties. Using a similar method, Storey
described the synthesis of polyurethane networks based on D,L-LA, GA, eCL,

Scheme 32
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Scheme 33

Scheme 34
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and TMC (Scheme 33b) [95]. The condensation of preformed trifunctional oli-
gomers with tolylene-2,6-diisocyanate triggered the network formation.

In an original way, hyperbranched aliphatic polyesters (PCL) have been pre-
pared by condensation of AB2 macromonomers (Scheme 34) [96]. The PCL mac-
romonomers were prepared by living ROP of eCL coupled with a sequence of
protection-deprotection reactions. The AB2 macromonomers were self-polym-
erized in the presence of dicyclohexylcarbodiimide (DCC) producing the ex-
pected hyperbranched polyesters. Other AB2 macromonomers have also been
synthesized by copolymerization of eCL and a few molar percent of TOSUO. Af-
ter self-polycondensation, the hyperbranched polyesters so obtained have been
treated successively with (C6H5)3CBF4 and NaBH4 in order to remove the ethyl-
ene ketal protection and to reduce the resulting ketone functions, respectively.
Pendant hydroxyl groups are therefore made available along the PCL branches
and can initiate further polymerizations of eCL catalyzed by Sn(Oct)2, for in-
stance. Highly branched polycaprolactones, i.e., dendri-graft PCL, with signifi-
cant additional functionalities have been accordingly synthesized [121].

Last but not least, some of us have recently synthesized polyimide-aliphatic
polyester triblock and graft copolymers in collaboration with Hedrick and his
coworkers [97, 98]. Well-defined aminophenyl or diaminophenyl end-functional
polyester oligomers have been synthesized on purpose and used as end-cappers
or macromonomers leading to the aforementioned triblock or graft copolymers,
respectively. The polyimide-polyester copolymers so obtained proved to be
highly efficient promoters of polyimide nanofoams (for more details see
Sect. 4.2).

3.7
Dendritic Construction

Pioneer works by Frèchet and coworkers have reported on the synthesis of pol-
ymers with hybrid linear-globular architectures [99]. Generally, the synthesis
has been accomplished by end-capping a preformed linear polymer with a com-
plementary monofunctionalized dendrimer. An alternative approach consists of
using convergent dendrimers with a single reactive group at their focal point, as
macroinitiator. For instance, poly(aromatic ether) dendrimers bearing a potas-
sium alcoholate at the focal point appeared to be able to initiate the polymeriza-
tion of eCL and to offer a better kinetic control by comparison to anionic ROP
as initiated by simple low molecular weight potassium alkoxides [100]. The au-
thors explain that the bulky dendritic moiety is able to screen, at least temporar-
ily, the active anionic centers and to delay the occurrence of inter- and intramo-
lecular transesterification reactions. Nevertheless, prolonged reaction times
again proved to be favorable for promoting the formation of cyclic oligomers.
More recently, we have examined the use of similar polyether dendrons bearing
a diethylaluminum alkoxide at their focal point, as macroinitiators for the coor-
dinative ROP of eCL and LA in toluene at 25 ˚C and 70 ˚C, respectively
(Scheme 35; shown for eCL ROP) [101]. Hybrid linear-globular AB-type block
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copolymers with well tailored substructures and narrow MWD have been syn-
thesized with high yields under mild conditions.

In a different approach, Hedrick et al. have studied multifunctional dendritic
initiators for the synthesis of multiarm star-shaped copolymers [102]. Several
dendritic initiators with hydroxyl functionality ranging from 2 to 48 have been
prepared according to the method developed by Hult et al. [120]. The bulk po-
lymerization of eCL initiated by these multifunctional macroinitiators and acti-

Scheme 36
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vated by either Sn(Oct)2 or Al(OiPr)3 as catalyst (see Sect. 3.3) yielded star-
shaped copolymers with unimodal and narrow MWD (PDI=1.1–1.3)
(Scheme 36, shown for a 6-arm star). Whatever the hydroxyl functionality of the
starting dendritic initiator the initiation efficiency evaluated by 13C NMR anal-
ysis was very high (>90%). Furthermore, the resulting hydroxy end-functional-
ity of the star-shaped copolymers was explored to prepare novel radial block co-
polymers. Reaction of every hydroxyl end-group with 2-bromo-2-methyl pro-
panoyl bromide provided a multifunctional macroinitiator very efficient in
MMA ATRP (see Sect. 3.4). Following this strategy, an w-bromo 6-arm PCL star
as ATRP macroinitiator was quantitatively converted into a 6-arm radial po-
ly(CL-b-MMA) block copolymer with controlled molecular weights for each
block and narrow apparent MWD (PDI=1.16) (Scheme 36).

3.8
Coordination Polymerization

Recent advances in the development of well-defined homogeneous metallocene-
type catalysts have facilitated mechanistic studies of the processes involved in
initiation, propagation, and chain transfer reactions occurring in olefins coordi-
native polyaddition. As a result, end-functional polyolefin chains have been
made available [103].For instance, Waymouth et al. have reported about the for-
mation of hydroxy-terminated poly(methylene-1,3-cyclopentane) (PMCP-OH)
via selective chain transfer to the aluminum atoms of methylaluminoxane
(MAO) in the cyclopolymerization of 1,5-hexadiene catalyzed by di(pentameth-
ylcyclopentadienyl) zirconium dichloride (Scheme 37). Subsequent equimolar
reaction of the hydroxyl extremity with AlEt3 afforded an aluminum alkoxide
macroinitiator for the coordinative ROP of eCL and consecutively a novel po-
ly(MCP-b-CL) block copolymer [104]. The diblock structure of the copolymer

Scheme 37
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has been confirmed by selective fractionation and 1H NMR; however the MWD
was quite broad as a result of the lack of control in the first 1,5-hexadiene polym-
erization (PDI=2–5).

Finally, interesting research work has recently been published on the ability
of organolanthanide complexes to promote the polymerization of monomers
such as (meth)acrylates, lactones, and epoxides in a “living” manner, and olefins
but with rather poor control [103]. Accordingly, Yasuda has synthesized block
copolymers of MMA and lactones, e.g., eCL and dVL, by sequential addition of
the two comonomers [103]. When MMA was added first the copolymerization
proceeded smoothly and gave copolymers with narrow MWD (PDI=1.1–1.3).
Upon reversed addition of the respective monomers, the copolymerization did
not proceed at all, i.e., the polylactone active end-species were totally unable to
add an MMA unit. Similarly, original poly(ethylene-b-caprolactone) block co-
polymers have been prepared by sequential addition of ethylene and eCL
(Scheme 38). Again, ethylene needs to be added first. Even though the block co-
polymer structure has been confirmed by GPC-FTIR, the MWD so obtained was
relatively broad and one may not exclude the formation of homopolymers
(PDI=1.5–2).

4
Aliphatic Polyesters as Building Blocks for New Materials

4.1
Biodegradable and Biocompatible Thermoplastic Elastomers

Since their commercial introduction by Shell in 1965, the poly(styrene-b-(buta-
diene or isoprene)-b-styrene) triblock copolymers (SBS or SIS) have attracted a

Scheme 38



46 D. Mecerreyes, R. Jérôme, P. Dubois

lot of attention regarding their elastomeric properties. The unique thermome-
chanical properties of these SBS or SIS thermoplastic elastomers relies upon the
microphase separation of the PS hard blocks into glassy microdomains dis-
persed in a continuous rubbery polydiene matrix. Such a phase morphology
provides a physical network of flexible chains cross-linked by thermoreversible
glassy microdomains. Clearly, these materials combine the mechanical per-
formances of vulcanized rubbers and the straightforward processing of thermo-
plastics. SBS and SIS triblock copolymers are currently synthesized by a three-
step anionic living copolymerization, typically using butyllithium as initiator.
Albertsson and some of us have investigated the synthesis of all aliphatic poly-
ester based ABA triblock copolymers and characterized their performances as
original biodegradable and biocompatible thermoplastic elastomers. In fact, po-
ly(CL-b-DXO-b-CL) symmetrical triblock copolymers with high molecular
weights and narrow MWD (PDI=1.20) have been synthesized by sequential co-
ordinative ROP of the monomers, i.e., eCL and DXO, as initiated by Al(OiPr)3 in
toluene at RT (Scheme 39) [26, 106]. For low PCL contents, the PCL teleblocks
form separate semi-crystalline microdomains dispersed in a continuous PDXO
rubbery matrix, the glass transition temperature of which is well below RT (Tg=
–36 ˚C, see Table 1). A temperature increase above 60 ˚C, which is the melting

Table 4. Tensile properties of the poly(CL-b-DXO-b-CL) ABA triblock copolymers (see 
Scheme 39)

Block lengths A/B/A 15 K/50 K/15 K 15 K/70 K/15 K

Tensile modulus (MPA) 31 21
Stress at yield (MPA)       3.0       2.1
Elongation at yield (%) 15 18
Strength at break (MPA) 52 53
Elongation at break (%) 1070 1210

Scheme 39
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temperature of the PCL physical cross-linking points of the three-dimensional
network, allows for an easy melt material processing.

Of prime interest are the tensile properties summarized in Table 4, and typical
of stress-strain curves exhibited by thermoplastic elastomers. The elongation and
strength at break were measured above 1000% and 50 MPA, respectively. Both the
tensile modulus and the stress at yield increased by increasing the PCL relative
content whereas, as expected, the ultimate elongation at break slightly decreased.

To sum up, the “living” character of the aluminum alkoxide mediated ROP of
lactones has permitted the synthesis of novel ABA triblock copolymers, the
composition and molecular weight of which can purposely be tuned up for dis-
playing excellent elastomeric properties. Interestingly, the inherent biodegrad-
ability of each partner, PCL and PDXO, would open up new applications for
these novel thermoplastic elastomers.

4.2
Polyimide Nanofoams

Polyimides are currently used as interlayer dielectrics in microelectronic packag-
ing, since they have the requisite properties to survive the thermal, chemical,
and mechanical stress of manufacturing and operation. The main advantage re-
alized by the use of polyimides over inorganic alternatives is the lower dielectric
constant. A reduction in the dielectric constant of the medium reduces pulse
propagation delay, allowing for faster machine time, and minimizes the noise
between lines. The most common approach for modifying the dielectric proper-
ties of polyimides has been via the incorporation of fluorinated substituents,
such as hexafluoroisopropylidene linkages or pendant trifluoromethyl groups.
While this approach reduces water absorption and the dielectric constant signif-
icantly, the mechanical and thermal properties are often compromised. Another
means of reducing the dielectric constant while maintaining the desired thermal
and mechanical properties is by the generation of a foam. The reduction in the
dielectric constant is simply achieved by replacing the polymer with air, which
has a dielectric constant of 1. However, it is obvious that the pore size must be
much smaller than the film thickness or any microelectronic features. In order
to meet the last statement, a new method of generating a polyimide foam with
pore sizes in the nanometer regime has been developed by Hedrick and his cow-
orkers at IBM [107]. This approach involves the use of phase separated block or
graft copolymers comprised of a high thermally stable polymer and a second
component, which can undergo clean thermal decomposition with the evolution
of volatile by-products to form a closed-cell, porous structure. Block copoly-
mers are well known for presenting different morphologies, interestingly on the
nanometer scale and which depend on their nature and composition. By design-
ing the block copolymers such that the matrix material is a thermally stable pol-
ymer with a high Tg and the dispersed phase is a labile polymer that undergoes
thermolysis at a temperature below the Tg of the matrix, one can prepare foams
with pores in the nanometer dimensional regime. The foam formation takes
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place by thermal degradation of the labile block, leaving behind pores the size
and shape of which depend on the initial block copolymer morphology (Fig. 5).

Nanofoams have been prepared first by using poly(propylene oxide) as the la-
bile coblock with different polyimides for the continuous matrix [108]. The deg-
radation of the poly(propylene oxide) component can be achieved at 300 ˚C in
an oxygen or air environment via a thermooxidative degradative mechanism
which is, however, unacceptable in microelectronic fabrication. In order to over-
come this difficulty, aliphatic polyesters have been studied as labile coblocks [97,
98]. Aliphatic polyesters degrade quantitatively in an inert atmosphere into cy-
clic monomers and other products of low molecular weight. In addition, the de-
composition temperature is much lower than the Tg of many polyimides. Con-
cerning the synthetic requirements, the first important step was the availability
of preparing well-defined oligomers having controlled molecular weight and
functionality. Like the previously studied polyether blocks, polyesters end-
capped with a single or double aryl-amine functionality were needed to be ame-
nable towards polyimide copolymerization. The synthesis of such w-functional
polyesters has been accomplished by reacting monofunctional living aluminum
alkoxide terminated oligomers with 4-nitrophenyl chloride or 3,5-dinitrophe-
nylchloride in the presence of pyridine (Pyr) and further modification by hydro-
genation over Pearlman's catalyst, giving the corresponding and desired
(di)amine (Scheme 40a,b). Alternatively, the single aryl-amine functionality has

Fig. 5. Illustration of the block copolymer approach to nanofoam formation
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been incorporated by using diethyl aluminum 2-p-nitrophenyl-ethoxide as ini-
tiator of the lactone ROP (Scheme 40c). It is worth remembering that the nitro
protecting group was required instead of the primary amine due to its ability to
co-initiate the coordinative ROP (see Sect. 2.3).

The next step concerned the synthesis of the polyester-polyimide copoly-
mers. Triblock copolymers have been prepared by a step-growth copolymeriza-
tion of stoichiometric amounts of an aromatic diamine and dianhydride (e.g.,
PMDA and 3FDA, as depicted in Scheme 41a) added with the single w-amino
polyesters as chain end-cappers. Graft copolymers can be prepared as well. In
this case, the diamine end-functionalized oligomeric macromonomers are co-
polymerized with the polyimide condensation comonomers (Scheme 41b).

Block and graft copolymers based on PMDA-3FDA polyimide and either
PVL, PCL or PD,L-LA have been accordingly prepared. The copolymers were
characterized by 1H NMR, DSC, TGA, SAXS, and DMTA. Microphase separation
was observed in all the studied copolymers and the polylactone blocks were not
able to crystallize. Films of the polycondensates were prepared by solution cast-
ing from N-methyl pyrrolidone followed by a slow heating increase up to 300 ˚C.
This thermal treatment removed the residual solvent and imidized the prepoly-
mer without degrading the labile block [97]. Then different cure treatments
were applied in order to degrade efficiently the labile polyester coblocks. The use
of PCL as the thermally labile coblock was a successful route to polyimide nano-
foams, although the PVL and PD,L-LA based copolymers did not show the ex-
pected nanopore formation. The explanation was found in the plasticization of
the polyimide matrix by the PVL and PD,L-LA degradation products which pro-
duce the collapse of the porous structure. Although some collapse was also ob-
served in the case of PCL-based copolymers, the foam efficiency was high spe-
cially for cross-linked polyimide matrix. The nanofoams were characterized by
a variety of experiments including TEM, SAXS, density, and refractive index

Scheme 40
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measurements. Thin organic film with pores of 10–20 nm and volume fraction
of voids 10–20% were obtained by this method and were characterized by die-
lectric constants as low as 2.4.

4.3
Organic-Inorganic Nanocomposites

During the last few years, special attention has been paid to the design and char-
acterization of inorganic-organic hybrid materials prepared by the sol-gel proc-
ess. This interest has been driven by the opportunity offered by this method to
combine in a quite controlled way the most remarkable properties of inorganic
glasses and organic polymers. In order to obtain a successful incorporation and
a nanoscopic dispersion of the organic polymers into the hybrid materials, a

Scheme 41
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prerequisite is needed – the existence of strong interactions between the inor-
ganic and organic components. Therefore, polymers prone to hydrogen bonding
with residual protic moieties, e.g., Si-OH, have been successfully incorporated
into silicon oxide networks. Another method consists of attaching covalently the
organic component to the inorganic material by using tailored-functionalized
polymers, which can participate in the sol-gel process via a condensation with
the in-situ generated Si-OH groups, for instance. Aliphatic polyesters are ideally
suited for being incorporated into hybrid materials because they can be readily
end-capped with functional groups and their ester carbonyl functions can inter-
act strongly and form hydrogen bonds with the inorganic component. On that
basis, the preparation of biodegradable and biocompatible inorganic-organic
hybrid materials by sol-gel process between tetraethoxysilane (TEOS) and PCL
oligomers has been investigated in our laboratory [109–112]. Depending on the
coordinative ROP conditions (nature of the aluminum alkoxide initiator, type of
termination reaction, copolymerization of eCL with TOSUO, etc.), PCL can be
end-capped with hydroxyl groups at one end, at both ends, or with pendant hy-
droxyl functions along the chain. Reaction of those hydroxyl groups with 3-iso-
cyanatopropyltriethoxysilane has proved to be an easy and direct access to the
introduction of inorganic functionalization into the PCL (Scheme 42). The over-
simplified reaction pathway of the sol-gel process for the synthesis of PCL con-
taining ceramers is also schematized. The network formation is a complex proc-
ess where hydrolysis and condensation interplay depending on the reaction con-

Scheme 42
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ditions. The extent of the PCL incorporation into the silica network depends on
the PCL relative content and molecular weight, and the number and reactivity of
the PCL functional groups, e.g., HO- or (EtO)3Si- functions.

Totally transparent hybrid materials incorporating up to 50 wt% PCL into
TEOS-based silica networks have been prepared [110]. PCL is so intimately in-
corporated into the polymer that it remains completely amorphous as con-
firmed by DSC and DMA analysis. TEM and image analysis achieved on thin
films of ceramer containing 46 wt% PCL shows a co-continuous two-phase mor-
phology with microdomains ca. 5 nm in size. These materials have a number of
potential applications in the biomedical field. For example, the hybrid ceramers
containing ca. 50 wt% PCL may be envisaged as a novel type of degradable bi-
oglass. They could also be used as coating films for bone implants and prosthetic
devices and, due to an unexpectedly high scratch resistance, they would be a val-
uable coating for organic polymers as well, particularly for polymers compatible
with PCL, such as polycarbonate and PVC. On the other hand, bioglass can serve
as support for enzyme immobilization and culture. To confirm their biocompat-
ibility, fibroblast cultures were attempted to evaluate the cytotoxicity of the new
hybrid materials. It has been observed that the extent of the cellular attachment
depends on the PCL content of ceramers; the density of cells attached to the ce-
ramer surface actually decreases when the PCL content is increased. In other
words, the fibroblast adherence decreases with decrease of hydrophilicity of the
substrate. As presumed, “in-vitro” biodegradation studies have clearly shown
that the inherent biodegradability of PCL is preserved while incorporated in the
nanocomposites [111].

Hedrick et al. have investigated the preparation of nanoporous inorganic ox-
ides by sol-gel process carried out on hyperbranched polyesters (see Sect. 3.6)
and polysilesquioxanes [96]. Interestingly, the organic species are used to tem-
plate the inorganic counterpart and, after the completion of the polycondensa-
tion reaction, they can be selectively removed through thermolysis, leaving be-
hind a nanoporous inorganic oxide. Similar investigations have been carried out
by Chujo et al. using “starburst” dendrimers to generate porosity in silica gel
[124]. Hyperbranched polyesters are again ideally suited for this study since
they are capable of significant interaction with the inorganic alkoxides and they
thermally decompose quantitatively into non-reactive species via an unzipping
mechanism. Nanoporous silica films have great potential as low dielectric mate-
rials for semiconductor applications [113].

4.4
Biodegradable Amphiphilic Networks

Biodegradable amphiphilic networks have been synthesized by free radical co-
polymerization of PCL or PD,L-LA dimacromonomers with a hydrophilic
comonomer, i.e., 2-hydroxyethylmethacrylate (HEMA) [45, 46, 114]. Well-de-
fined a,w-methacryloyl PCL and PD,L-LA oligomers were synthesized by the liv-
ing ROP of the parent monomers initiated by diethyl aluminum 2-hydroxyethyl-
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methacrylate and then terminated by a controlled reaction of the propagating
aluminum alkoxide groups with methacryloyl chloride (Scheme 43). The free
radical copolymerization of those dimacromonomers with HEMA was per-
formed in bulk at 65 ˚C using benzoyl peroxide and yielded homogeneous net-
works with high comonomer conversions (ca. 90%).

The amphiphilic nature of the polyester/PHEMA networks provides gels able
to swell in both organic and aqueous media, which prompted us to study them
as controlled drug delivery systems [114]. The most valuable characteristic fea-
ture of these amphiphilic networks is their potential to sustain the drug delivery

Scheme 43
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of both hydrophilic and hydrophobic drugs. First, the swelling characteristics of
the binary networks have been studied in relation to the network composition,
the length, and the nature of the dimacromonomers. Further, dexamethasone
was chosen as a drug model, since it can be handled as either a hydrophilic (so-
dium phosphate salt) or a lipophilic (acetate) compound. The drug was incorpo-
rated into the network directly during the free radical synthesis and cross-link-
ing step or by swelling of the preformed network in water or in CHCl3, depend-
ing on the drug formulation. It has been concluded that the kinetics of the drug
release were mainly governed by the network swelling rate.

4.5
Nano- and Microspheres for Biomedical Applications

Biodegradable and biocompatible microspheres of PCL, PLA, PGA, and blends
thereof have currently been prepared by different methods, such as emul-
sion/evaporation, precipitation processes, and dispersion polymerization, and
have found applications as carriers for sustaining the release of bioactive mole-
cules. In this section our attention will be exclusively focused on the advantages
offered by new molecular architectures available from the macromolecular en-
gineering of aliphatic polyesters in micro- but also nanocarriers. For instance,
Slomkowski et al. have prepared microspheres by the straightforward dispersion
polymerization of L-LA and eCL in a solvent mixture in which the generated pol-
yesters are poorly soluble. The polymerizations were carried out in a 1,4-diox-
ane/heptane solvent mixture and were promoted by either Sn(Oct)2 catalyst or
aluminum alkoxide initiators [115]. The dispersion of the growing polyester
particles was actually stabilized by poly(dodecylacrylate-g-caprolactone) graft
copolymers. The graft copolymers were prepared by the macromonomer tech-
nique, as reported previously (see Sect. 3.3). The appropriate selection of these
polymeric surfactants allows one to obtain, in a one-step dispersion polymeri-
zation, PLA and PCL microspheres with controlled mean particle size and nar-
row size polydispersity. In a different approach, Egiburu et al. have prepared mi-
crospheres of preformed PL-LA grafted copolymers by the emulsion/evapora-
tion method [116]. Three types of copolymers were reported: poly(MMA-g-LA),
poly(MA-g-LA), and poly(VP-g-LA). The authors monitored by UV spectrosco-
py the encapsulation loading level and release kinetics of ibuprofen, an anti-in-
flammatory drug, from small microspheres (mean size=1–5 µm) in buffered wa-
ter solution. Interestingly, by varying the composition and thus the hydrophilic
character of the copolymers, good control over the release rate was reached.

Biodegradable polyester-based nanoparticles have also been studied, espe-
cially in the biomedical domain. Like microelectronics, biomedical research fol-
lows the rule: “smaller is better”. A typical example of nanoparticles based on
the aliphatic polyester engineering by living ROP is provided by the poly(CL-b-
GA) copolymers which form stable colloidal dispersions in organic solvents
such as toluene and THF without the need of any additional surfactant [27]. The
poly(CL-b-GA) particles form a new class of stable non-aqueous dispersions in
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which a PGA core is stabilized by a PCL shell [122]. The copolymer micelles were
characterized by TEM and PCS that show a bimodal distribution. The smallest
particles usually dominate the size distribution curve. Their average size is in
the range 10–40 nm when the diblocks are dispersed in toluene at a 0.1 wt% con-
centration. The average size increases as the concentration of the dispersion in-
creases, which might be due to the aggregation of the smallest particles. These
colloidal particles of diblocks consisting of two biocompatible polyesters with
drastically different physical properties, such as melting temperatures and bio-
degradability, are very attractive for biomedical applications. Our group also
studied the use of poly(HEMA-g-(D,L-LA)) graft copolymers (for their synthe-
sis, see Sect. 3.3) in nanoparticles formulation [123]. In a DMSO/H2O
(10/90 v/v) solvent mixture, these graft copolymers formed stable micelles as
observed by PCS, the average size of which was in the range 40–70 nm, depend-
ing on the copolymer composition, molecular weight, and concentration. It is
worth noting the high efficiency of these copolymers for immobilizing soma-
totrophine without losing protein activity. Finally, as already discussed in
Sect. 2.5, the poly(eCL-co-TOSUO) copolymers were able to form stable aqueous
dispersions with a mean particle size below 100 nm. Surprisingly enough, even
though the functional comonomer was incorporated on a statistical basis at
quite a low content (12 mol%), the copolymer was able to stabilize the hydropho-
bic PCL segment in water. The size of the colloidal dispersions decreases from
213 nm in the case of ethylene acetal pendant groups to 72 nm and 74 nm upon
successive deprotection and reduction steps which lead to more polar ketone
and hydroxyl groups, respectively. A decrease in the dispersion concentration
from 0.10% to 0.01% results in smaller colloidal particles (from 213 to 72 nm).
The suspensions are stable for more than 48 h at room temperature as checked
by PCS [74]. This novel family of copolymers has potential for biomedical appli-
cations, particularly as tailored drug colloidal vectors with a core-shell-like
structure. Reactive groups on the surface of the nanoparticles are indeed avail-
able to the binding of species selected for molecular recognition and drug tar-
geting.

5
Conclusions

In conclusion, a quite complete macromolecular engineering of aliphatic poly-
esters, recognized as biocompatible and biodegradable materials, has been
reached. The perfectly well controlled “coordination-insertion” ROP of cyclic
(di)esters as initiated by aluminum alkoxides, functionalized or not, has proved
to be essential to this end. The related (co)polyesters can be designed in such a
way that a-, or a,w- functional telechelic polymers, block, graft, comb-like, and
star-like copolymers, hyperbranched and dendri-graft (co)polymers, and one-
or two-component polymer networks are now readily available. Along with the
above topologies, macrocyclic (block) polylactones have been very recently syn-
thesized by using 2,2-dibutyl-2-stanna-1,3-dioacyclalkanes as cyclic initiators
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[125]. This method exclusively yields macrocyclic polyesters without any com-
petition with linear polymers. Furthermore, the “coordination-insertion” ROP
process can take part in a more global construction set, ultimately leading to the
development of new polymeric materials with versatile and original properties.
Note that other types of efficient “coordination” initiators, i.e., rare earth and yt-
trium alkoxides, are more and more studied in the framework of the controlled
ROP of lactones and (di)lactones [126–129]. These polymerizations are usually
characterized by very fast kinetics so as one can expect to (co)polymerize mon-
omers known for their poor reactivity with more conventional systems. Those
initiators should extend the control that chemists have already got over the
structure of aliphatic polyesters and should therefore allow us to reach again
new molecular architectures. It is also important to insist on the very promising
enzyme-catalyzed ROP of (di)lactones which will more likely pave the way to a
new kind of macromolecular control [6, 130–132].
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Polyimides are currently the materials of choice for interlayer dielectrics in microelectronic
applications, since polyimides, as a class of materials, best satisfy the requisite properties
to survive the thermal, chemical, and mechanical stresses associated with microelectronic
fabrication. As more function is demanded of these polymer dielectrics, e.g., low residual
thermal stress, adhesion, photosensitivity, and low dielectric constant, it becomes increas-
ingly difficult to design materials with the desired enhancements without compromising
existing properties. This article will describe an approach to modify polyimide with mini-
mal sacrifice to its desirable properties. The preparation of block and graft copolymers pro-
vides a means of tailoring the morphology and properties of polyimide through the judi-
cious choice of the coblock, coblock composition, molecular architecture, and block
lengths. It is the advent of the poly(amic alkyl ester) intermediate to the polyimide that al-
lows for the controlled synthesis of such block copolymers. The hydrolytic stability of the
poly(amic alkyl ester) precursor allows for the isolation and characterization of the copol-
ymers prior to imidization. Such systems represent self-assembling arrays with considera-
ble potential for the preparation of nanostructures, and this article will describe the modi-
fication of rigid and semi-rigid polyimides through copolymerization to address favorably
such issues as residual thermal stress, dielectric constant, auto-adhesion, and other key de-
sign criteria.
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1

 

Introduction

 

Organic polymeric materials have long played significant roles in the microelec-
tronics industry because of their processability, attractive mechanical properties,
and relatively low cost. Traditionally, these materials have found application ei-
ther as structural components or in comparatively low-performance system ele-
ments such as cards, cables, or circuit boards (i.e., epoxy-glass fiber composites).
However, the use of polymeric materials in the fabrication of multichip modules
(MCM) or on chips has been much less pervasive, since inorganics (alumina or
silicon oxides) have typically dominated such components which are critical to
system cycle time. Until recently, system enhancement could be driven by in-
creased semiconductor device performance. However, the level of integration of
devices has advanced to the point where overall system performance is becoming
limited by the speed with which signals can be transmitted from device to device
within a given semiconductor chip and then between chips performing related
functions. The on-chip wiring which constitutes the device-to-device intercon-
nection is typically designated as the “back end of the line” (BEOL) wiring, while
chip-to-chip interconnection is the function of the first level “package” or multi-
chip module (MCM). Among the many approaches to decrease signal propaga-
tion delays in either BEOL or module wiring, the reduction of the dielectric con-
stant of the medium is the most common approach. It is in these critical wiring
components that high performance organic polymers are finding increasing ap-
plication as dielectrics. The employment of organic materials in these devices al-
lows lower cost manufacturing because the materials can be spin-coated rather
than vacuum processed for deposition. However, the major driving force for the
implementation of polymeric insulators is their much lower dielectric constant
compared to the inorganic alternatives. 

The velocity of pulse propagation in these structures is inversely proportional
to the square root of the dielectric constant of the medium [1]. Hence, reduc-
tions in the dielectric constant of the insulator materials translate directly into
improvements in machine cycle time. The pitch or distance between conductor
lines must, therefore, be minimized to improve cycle time. The minimum dis-
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tance from signal lines is dictated by noise issues or “cross-talk” that result from
induced current in conductors adjacent to active signal lines. The lateral extent
of this field – induced noise is again directly dependent upon the dielectric con-
stant of the insulator material. A reduction of the insulator dielectric constant
permits moving the signal lines closer together, allowing designers to reduce the
length of conductor lines and thereby improve machine cycle time accordingly
[1].

Although polymeric insulators have several attractive properties (i.e., ease of
processing and low dielectric constant), in all other requirements they have se-
rious shortcomings when compared to the inorganic alternatives. Insulating
materials in these applications must be able to withstand the high temperature
associated with the processes used to deposit metal lines and join chips to mod-
ules (i.e., C

 

4

 

 soldering) [1]. At the bare minimum, they must be able to withstand
soldering temperatures without any degradation, outgassing, or dimensional
change (i.e., a T

 

g

 

 significantly higher than soldering temperature). Another ma-
jor factor in the use of organic insulators is control of residual thermal stress,
which becomes further exacerbated with each additional level [2]. The stress re-
sults primarily from the mismatch in thermal expansion between the ceramic
substrate and the insulating material. In addition, the polymeric insulator must
have good adhesion to the ceramic substrate and to itself (i.e., self-adhesion) so
as to permit reliable fabrication of multilevel structures [3]. The ability to proc-
ess the polymer from a common organic solvent, and the ability to planarize
(both global and local planarization) underlying topography are also critical
features. However, once deposited, the polymer should show solvent resistance
to allow the fabrication of multilayer structures and possible lithography steps
without dimensional change. Finally, cost (i.e., production volumes at reasona-
ble cost) and reliability are also important design factors.

A wide variety of polymers have been evaluated for use in microelectronics
applications; however, polyimides have emerged as the favored class of materials
[4–8]. The rigid and semi-rigid aromatic combination of thermal and mechani-
cal properties which include low thermal expansion coefficient, high modulus,
and tough ductile mechanical properties as judged by high elongations to break.
In addition, these properties are largely retained to 400 ° C; above this tempera-
ture a partial softening or flow is observed in some cases. These desirable prop-
erties reflect the high degree of molecular packing [9, 10]. For instance, the pol-
ymer chains of PMDA/ODA polyimide assume locally extended conformations
in a smectic-like layered order. Furthermore, imidization of PMDA/ODA poly-
imide films in contact with a substrate produces substantial orientation of the
molecules parallel to the surface [11]. This orientation results in physical prop-
erties that are anisotropic. This has been shown to produce a high thermal ex-
pansion coefficient and low modulus out of the plane of the film as well as ani-
sotropic swelling behavior. These effects are even more pronounced for the BP-
DA/PDA polyimide. A manifestation of the orientation, responsible for the ex-
cellent mechanical properties, is a corresponding anisotropy in the dielectric
constant [12]. In particular, the in-plane dielectric constant can be as much as
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0.7 to 0.8 higher than the out-of-plane dielectric constant. An isotropic dielectric
constant is clearly an unacceptable limitation to device design. Furthermore, the
key advantage realized by the use of polymeric materials over inorganics is
largely negated.

These rigid aromatic polyimides are generally applied by spin coating onto
silicon wafers as dilute solutions. Since most of these structures are insoluble,
they are applied as soluble poly(amic-acid) precursors, typically in aprotic dipo-
lar solvents such as 

 

N

 

-methyl-2-pyrrolidone (NMP) or dimethyl acetamide
(DMAC) [13]. Imidization is then effected by a subsequent heating step denoted
as curing. During the cure, significant stress can build up due to solvent evapo-
ration, imidization, and the mismatch in thermal expansion coefficient between
the film and the substrate. Furthermore, as the number of polymer layers and
overall thickness of the thin film structures increases, controlling the stresses
developed in the polymer when coated and cured becomes increasingly difficult.
These high stresses can lead to warpage of the substrate, loss of adhesion, or co-
hesive failure of the polymer or substrate. Currently, stress is controlled at low
levels by using polyimides with thermal expansion coefficients which match ei-
ther the ceramic or silicon substrate. For instance, residual thermal stresses in
the rigid and highly ordered polyimides i.e., poly(biphenyl dianhydride-phe-
nylene diamine) (BPDA/PDA polyimide) and poly(pyromellitic dianhydride-
phenylene diamine) (PMDA/PDA polyimide) are low due to the similar thermal
expansion coefficients of the polyimide and substrate. This approach is very lim-
ited with respect to the number of possible rod-like structures obtainable. For
instance, many of the rod-like structures (i.e., PMDA/PDA polyimides) have low
thermal expansion coefficients but brittle mechanical properties. Additional
drawbacks include the synthetic route employed. Corrosion of copper metallur-
gy has often been observed from polyimides derived from the poly(amic acid)
precursor [14], while polyimides derived from the poly(amic alkyl ester) precur-
sors generally show substantially higher thermal expansion coefficients and re-
sidual thermal stress than those derived from the poly(amic acid) analogs [15].
Furthermore, as more function is demanded of polymer dielectric layers, e.g.,
photosensitivity, it becomes increasingly difficult to design materials with the
desired enhancements without compromising existing properties.

Additional drawbacks to the use of polyimide insulators for the fabrication of
multilevel structures include self- or auto-adhesion. It has been demonstrated
that the interfacial strength of polyimide layers sequentially cast and cured de-
pends on the interdiffusion between layers, which in turn depends on the cure
time and temperature for both the first layer (T

 

1

 

) and the combined first and sec-
ond layers (T

 

2

 

) [3]. In this work, it was shown that unusually high diffusion dis-
tances (~ 200 nm) were required to achieve bulk strength [3]. For T

 

2

 

 

 

³

 

 T

 

1

 

, the ad-
hesion decreased with increasing T. However, for T

 

2

 

 < T

 

1

 

 and T

 

1 

 

~ 400 °C, the ad-
hesion between the layers was poor irrespective of T

 

2

 

. Consequently, it is of inter-
est to combine the desirable characteristics of polyimide with other materials in
such a way as to produce a low stress, low dielectric constant, self-adhering ma-
terial with the desirable processability and mechanical properties of polyimide.
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Mixing two polymers is a convenient means of obtaining materials with prop-
erties characteristic of the respective homopolymers. Although it has been dem-
onstrated that engineering thermoplastics such as poly(aryl ether ketones) and
poly(aryl ether sulfones) are miscible with selected polyimides, these polyim-
ides are amorphous with low T

 

g

 

s [16–20]. For the case of rod-like polyimide
mixtures with flexible polymers, phase separation generally occurs. Slight non-
favorable interactions between the segments far outweight the small entropic
gains on mixing [21]. There are reports that some mixtures of such rigid rod and
flexible polymers form “molecular composites” [22]. However, the extent of
phase separation is kinetically rather than thermodynamically controlled. These
reports include mixtures of rigid and flexible polyimides prepared by the re-
spective poly(amic acid) precursors often undergo transamidization leading to
block and random copolymers. By the nature of the connectivity of the segments
and blocks, miscibility is promoted. Alternatively, Yoon and co-workers [25]
have demonstrated the formation of molecular composites of polyimide/poly-
imide mixtures where at least one of the polyimide precursors was in the stable
alkyl ester form, which is not prone to transamidization reactions. Even here,
however, the desired level of phase separation was kinetically controlled. The
subsequent molecular composites showed enhanced auto-adhesion with the re-
tention of many of the desirable characteristics of the rigid rod polyimide.

An alternative approach to the modification of the characteristics of rigid and
semi-rigid polyimides involves the preparation of random copolymers or the
combination of different diamines and dianhydrides. For instance, imide-aryl
ether phenylquinoxaline and imide-aryl ether benzoxazole statistical or random
copolymers have been prepared and their morphology and adhesion character-
istics investigated [26, 27]. In each case, the incorporation of the 

 

co

 

-diamine
containing either a preformed phenylquinoxaline or benzoxazole moiety result-
ed in significantly improved auto-adhesion. However, wide-angle X-ray diffrac-
tion measurements showed that the “liquid crystalline"-like ordering observed
in the PMDA/ODA polyimide persists in the copolymers where the phenylqui-
noxaline or benzoxazole compositions were less than 50 wt%. At higher concen-
trations the ordering vanishes due to hindrance of interchain packing and,
hence, a disruption of the ordering. Coincident with this loss in ordering is the
clear development of a T

 

g

 

 and loss of the high-temperature dimensional stabili-
ty. Thus, these copolymers show improved adhesion with the retention of the or-
dered morphology over a very narrow composition range.

Likewise, the most common approach in modifying the dielectric properties
of polyimides has been via the incorporation of comonomers containing per-
fluoroalkyl groups. Examples include the incorporation of fluorinated substitu-
ents either as hexafluoroisopropylidene linkages [28], main chain perfluoroalkyl
groups [29], or pendent trifluoromethyl groups [30, 31]. This approach produces
films with dielectric constants as low as 2.6 and low water absorption; however,
the mechanical properties and solvent resistance are generally sacrificed. The
addition of pendent trifluoromethyl groups appears to circumvent this draw-
back, but the incorporation of sufficient trifluoromethyl groups into the poly-
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mer is synthetically limited. Alternatively, the dielectric constant of polyimides
can be lowered through the introduction of kinks and separator linkages in the
polymer backbone to reduce chain-chain interactions [32]. When these struc-
tural modifications were copolymerized with the judicious choice of fluorine-
containing comonomers, polyimides with dielectric constants in the range of
2.4–2.8 were achieved.

Here we will describe another approach in modifying polyimide without sac-
rificing the ordered morphology and properties associated with this morpholo-
gy. This approach involves the preparation of block copolymers derived from
polyimide and a wide variety of coblocks. The use of block copolymers offers
numerous advantages over polymer/polymer mixtures and random copolymers
since the molecular architecture, block lengths, and composition can be de-
signed to produce materials with a wide range of properties and morphologies
[33]. Furthermore, since the two dissimilar materials are covalently bonded,
miscibility is enhanced and phase separation, when it occurs, is restricted to di-
mensions of the order of 100–400 Å. By modifying the copolymer composition,
it is possible to control the domain shapes as well as curvature of the domain in-
terfaces. In an AB diblock copolymer, the domain shapes range from spheres of
A in a matrix of B for low compositions of A to more interconnected cylindrical,
lamella, or even more complex morphologies for higher compositions of A. Such
systems represent self-assembling arrays with considerable potential for the
preparation of nanostructures depending on the blocks, processing conditions,
etc. Polyimides, as a class of materials, have received little attention as a compo-
nent in the synthesis of block and segmented copolymers [34–36], and among
these examples, the imide-siloxane copolymers have been the most widely stud-
ied [35, 36]. The general synthetic methodology used for the imide-siloxane co-
polymers utilized a monomers-oligomers approach via the poly(amic acid) pre-
cursor to the polyimide [35]. Bis(amino)siloxane oligomers of various molecu-
lar weights were coreacted with either a dianhydride or a mixture of a dianhy-
dride and a diamine to yield poly(amic acid) solutions, which were cast and
cured to imidize the polymers producing an [AB]

 

n

 

 multiblock molecular archi-
tecture.

We have used an alternative synthetic procedure for the preparation of imide-
containing copolymers based on a poly(amic alkyl ester) intermediate to the
polyimide (Scheme 1) [13, 37]. In this route, pyromellitic dianhydride (PMDA)
is opened by ethanol to yield a meta, para mixture of half esters which can be
separated by fractional recrystallization and converted to the representative acid
chlorides. Polymerization with a diamine yields the target poly(amic ethyl es-
ters). Through the judicious choice of the ester moiety, further synthetic flexibil-
ity is possible in both imidization temperature and solubility. In our work, we
have primarily used the poly(amic ethyl ester) precursor to polyimide since it is
soluble in a variety of solvents and solvent mixtures and imidization occurs at a
significantly higher temperature than for the poly(amic acid) analogue. Using a
poly(amic alkyl ester) precursor offers more synthetic flexibility due to im-
proved solubility and greater structural variety in both the polyimide backbone
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and the coblock. The hydrolytically stable precursors may be isolated, character-
ized, and purified. Furthermore, since imidization occurs at substantially higher
temperatures, molecular mobility is attained before imidization, thus minimiz-
ing the control of the resultant morphology by kinetic factors. Here we will de-
scribe the modification of rigid and semi-rigid polyimides through copolymer-
ization to address favorably such issues as residual thermal stress, dielectric
constant, auto-adhesion, and other key design criteria.

 

2

 

Modification of Auto-Adhesion Characteristics of Polyimide

 

As previously stated, the rigid polyimides meet many of the requirements for
microelectronics applications; however, the presence of an ordered morphology,
coupled with the lack of a softening transition results in extremely poor self-ad-
hesion. Alternatively, thermally stable thermoplastics exhibit excellent self-ad-
hesion, but often lack sufficiently high temperature dimensional stability and/or
solubility and processability from common organic solvents. For instance, po-
ly(phenylquinoxaline) (PPQ) has a T

 

g

 

 in the 370 °C range, thereby overcoming

Scheme 1
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the problem associated with self-adhesion at high temperatures [38, 39]. This
polymer can best be compared to PMDA/ODA polyimide by their dynamic me-
chanical spectra (Fig. 1). The PMDA/ODA polyimide shows only a small drop in
modulus at 

 

»

 

 350 °C, reflecting the absence of a T

 

g

 

 and the retention of the or-
dered structure, whereas PPQ shows a modulus invariance up to the T

 

g

 

, at which
point the modulus falls dramatically, characteristic of an amorphous melt. Con-
sequently, it was of interest to combine the adhesion characteristics of the ther-
moplastics with desirable properties of many of the thermoplastics and hetero-
cycle-containing high temperature polymers in solvents amenable towards
polyimide copolymerization. To this end, aryl ether linkages were introduced
through new synthetic methodologies to impart solubility. Heterocycle-contain-
ing monomers were polymerized via nucleophilic aromatic substituting polym-
erization in which the generation of the aryl ether linkage was the polymer-
forming reaction [40–42]. The heterocycle-containing poly(aryl ethers) pre-
pared by this route were excellent candidates for polyimide block copolymers
since control of the end-group type and molecular weight was possible, and the
polymers were soluble in common organic solvents.

 

2.1
Synthesis of Heterocycle-Containing Poly (Aryl Ethers)

 

Three poly(aryl ethers) were prepared and used as coblocks in imide copolym-
erizations. The first coblock prepared was poly(aryl ether phenylquinoxaline),
since this material has the requisite high T

 

g

 

 (~ 280 °C) and thermal stability, and
the polymer can be processed from solution or the melt. The synthesis of po-
ly(aryl ether phenylquinoxalines) involves a fluoro-displacement polymeriza-
tion of appropriately substituted fluorophenylquinoxalines with bisphenols, us-

Fig. 1 Dynamic mechanical spectra of PMDA/ODA polyimide and poly(phenylquinoxaline).
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ing conventional condensation techniques [40]. Facile displacement of aryl flu-
orides, activated by the phenylquinoxaline ring, was demonstrated, and polym-
erization of aryl fluoro-substituted bis(quinoxalines) with bisphenols led to
high polymer yield. This general synthetic route has been extended to the prep-
aration of functional oligomers amenable towards polyimide syntheses with the
use of 3-aminophenol to control molecular weight and produce the amino-func-
tionality as described by Jurak and McGrath (Scheme 2) [43]. Bis(amino) aryl
ether phenylquinoxaline oligomers of various molecular weights were prepared
by the reaction of 1,3-bis(6-fluoro-3-phenyl-2-quinoxalinyl) benzene, 2,2'-bis(4-
hydroxyphenyl)hexafluoropropane, 3-aminophenol in 

 

N

 

-methylpyrrolidone
solvent in the presence of potassium carbonate [44]. This general synthetic route
was also extended to an AB-self polymerizable monomer 3-(4-hydroxyphenyl)-
3-phenyl-6-fluorophenylquinoxaline, in the presence of 3-aminophenol using
an analogous procedure to that described above, to afford new quinoxaline-
based macromers (Scheme 3) [45, 46]. The Carothers equation was used to de-
termine the quantity of 3-aminophenol required to control both the molecular
weight and the chain end functionality of the oligomers. Table 1 contains the
characteristics of the oligomers prepared. The number-average molecular
weights, determined by 

 

1

 

H NMR [44] were 6200 and 15,500 g/mol for oligomers

 

1a

 

 and 

 

1b

 

, respectively, for the difunctional oligomers and 6200 g/mol for the
monofunctional oligomer, 

 

1f

 

.

Scheme 2
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The heterocyclic-activated fluoro-displacement polymerization was extend-
ed to other heterocycles including azoles [47, 48]. Of particular interest was the
benzazole-activated fluoro-displacement polymerization as a route to poly(aryl
ether benzoxazoles) and functional oligomers amenable towards copolymeriza-
tion [47, 49]. This class of polymers, like the poly(aryl ether phenylquinoxa-
lines), are tough engineering thermoplastics with the requisite thermal stability
and solubility. To this end, functional oligomers were prepared by the reaction
of 2,2-bis[2-(4-fluorophenyl)benzoxzol-6-yl] hexafluoropropane, 2,2'-bis(4-hy-
droxyphenyl) hexafluoropropane and 3-aminophenol using the procedure de-
scribed above (Scheme 2) [49]. The characteristics of the oligomers prepared 

 

1c

 

and 

 

1d

 

 are also shown in Table 1.
The third poly(aryl ether) surveyed as a coblock for polyimide copolymeriza-

tion was poly(aryl ether ether ketone), PEEK, which is a highly crystalline poly-
mer (40–50 % crystallinity) with a T

 

g

 

 of 145 °C and a T

 

m

 

 of 340 °C. However,
PEEK is only soluble in diphenylsulfone at temperatures in excess of 300 °C or in
strong acids [50]. This insolubility in organic solvents makes the synthesis and

Scheme 3
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characterization of function oligomers and subsequent transformations (i.e.,
copolymerization) difficult. An alternative synthetic route to the preparation of
PEEK functional oligomers has been employed which involves a derivatization
of one of the monomers to afford oligomer solubility and, after subsequent
transformations (i.e., copolymerization), a deprotection step yields the parent
polymer. It has been demonstrated that the ketone moiety in 4,4'-difluoroben-
zenephenone can be derivatized with aniline to produce a ketimine (Scheme 4)
[51, 52]. This disrupts the trigonal bond arrangement which provides the planar
zig-zag chain packing in the subsequent polymer precluding crystallization. In-
terestingly, it has been demonstrated that the ketimine moiety is sufficiently
electron-withdrawing to activate aryl fluorides towards nucleophilic aromatic
displacement. In addition, the ketimine can accept the negative charge devel-
oped in the transformation through a Meisenheimer complex which lowers the
activation energy for the displacement (Scheme 4) [51, 52]. This allows polym-
erization in common aprotic dipolar solvents (i.e., NMP). The ketimine group
may be quantitatively hydrolyzed in the polymer form to produce the parent
structure, PEEK [51, 52].

The synthesis of the bis(amino) aryl ether ketimine oligomer was carried out
in an analogous fashion to the poly(aryl ether) oligomers described before
(Scheme 5) [43]. The ketimine functional 4,4'-bisfluoride was reacted with hyd-
roquinone and 3-aminophenol in an NMP/toluene solvent mixture in the pres-
ence of potassium carbonate. The characteristics of the oligomer synthesized
are shown in Table 1 (sample 

 

1e

 

).

 

2.2
Synthesis of Polyimide Copolymers

 

The imide-aryl ether copolymers were prepared via the poly(amic alkyl ester)
route [53–56]. This intermediate route to polyimide is believed to be more ver-
satile than the poly(amic acid) analogue due to its enhanced solubility. Volksen et
al. [53, 54] reported that up to 75 % of a cosolvent could be used along with NMP,
which is an important consideration in copolymerization of chemically dissim-
ilar block copolymers. Furthermore, the poly(amic alkyl ester) precursor to the

 

Table 1. 

 

Characteristics of amine terminated aryl ether oligomers

Sample 
Entry

Oligomer Type <Mn> 
Theory

(gram/mol) 
Measured

T

 

g

 

 °C

1a poly(phenylquinoxaline) 7,000 6,200 225
1b poly(phenylquinoxaline) 15,000 15,500 235
1c poly(benzoxazoles) 10,000 10,500 210
1d poly(benzoxazoles) 25,000 26,000 227
1e poly(ketimine) 7,000 6,200 145
1f phenylquinoxaline (monofunc-

tional)
7,000 6,200 240
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polyimide can be isolated, characterized, and subjected to selective solvent rins-
es to remove homopolymer contamination. The copolymer synthesis involved
the incremental addition of PMDA diethyl ester diacyl chloride in methylene
chloride to a solution of the aryl ether oligomer and ODA in an NMP-based sol-
vent mixture in the presence of an acid acceptor such as 

 

N

 

-methylmorpholine or
pyridine (Schemes 6–8) [53, 54]. Although both the poly(amic ethyl ester) and
the poly(aryl ether) homopolymers are soluble in NMP, mixtures of the two pol-
ymers in NMP formed cloudy solutions in some cases, and the subsequent co-
polymers formed cloudy films, consistent with homopolymer contamination.
The addition of a cosolvent to the NMP produced clear solutions and minimized
homopolymer contamination observed after copolymerization. For the case of
the quinoxaline-based copolymers, 

 

N

 

-cyclohexylpyrrolidone was added, and
cyclohexane was required for the benzoxazole-based copolymers to produce
clear solutions and subsequent films. The solids content for the copolymeriza-
tion was maintained between 12 and 13 wt%. The acid acceptors used in the po-
lymerization varied, however, 

 

N

 

-methylmorpholine was favored since the sub-
sequent salt, 

 

N

 

-methylmorpholium hydrochloride, precipitated from the reac-
tion mixture. This is believed to be important since other acid acceptors such as
triethylamine form salts which remain in solution and may adversely affect the
solubility of the oligomer(s) or subsequent copolymer, leading to homopolymer
contamination. However, it should be pointed out that both pyridine and tri-
ethylamine have been successfully used even though the salt formed is soluble.
High molecular weight polymers were readily achieved as judged by the dramat-
ic increase in viscosities, which is characteristic of most condensation polymer-

Scheme 4
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izations. The resulting amic ester-aryl ether copolymers were precipitated in wa-
ter and rinsed with methanol to remove salts formed during polymerization.

Table 2 contains the characteristics of the amic ester-aryl ether copolymers
including coblock type, composition, and intrinsic viscosity. Three series of co-
polymers were prepared in which the aryl ether phenylquinoxaline [44], aryl
ether benzoxazole [47], or aryl ether ether ketone oligomers [57–59] were co-re-
acted with various compositions of ODA and PMDA diethyl ester diacyl chloride
samples (

 

2a–k

 

). The aryl ether compositions varied from approximately 20 to 50
wt% (denoted 

 

2a–d

 

) so as to vary the structure of the microphase-separated
morphology of the copolymer. The composition of aryl ether coblock in the co-
polymers, as determined by 

 

1

 

H NMR, was similar to that calculated from the
charge of the aryl ether coblock (Table 2). The viscosity measurements, also
shown in Table 2, were high and comparable to that of a high molecular weight
poly(amic ethyl ester) homopolymer. In some cases, a chloroform solvent rinse
was required to remove aryl ether homopolymer contamination. It should also
be pointed out that both the powder and solution forms of the poly(amic ethyl
ester) copolymers are stable and do not undergo transamidization reactions or
viscosity loss with time, unlike their poly(amic acid) analogs.

Scheme 5
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Table 2. 

 

Characteristics of amic ester-aryl ether block copolymer

 

s

 

Aryl Ether Incorporation, wt%  [

 

h

 

]

 

NMP

 

 

 

25 °C

 

 

dL/g
Sample Entry Aryl Ether 

Coblock Type

 

C

 

har

 

ge Measured

 

2a
2b
2c
2d
2e
2f
2g
2h
2i
2j
2k

1a
1a
1b
1b
1c
1c
1d
1d
1e
1f
1f

25
50
25
50
25
50
18
20
20
25
50

28
50
28
52
21
54
14
16
10
28
49

0.53
0.43
0.43
0.46
0.50
0.36
0.35
0.45
0.52
0.45
0.43

Scheme 6
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Prior to imide formation, the imide-aryl ether ketimine copolymers were
converted to the imide-aryl ether ketone analogue by hydrolysis of the ketimine
moiety with 

 

para

 

-toluene sulfonic acid hydrate (PTS) according to a literature
procedure [51, 52, 57–59]. The copolymers were dissolved in NMP and heated to
50 °C and subjected to excess PTS for 8 h. The reaction mixtures were isolated in
excess water and then rinsed with methanol and dried in a vacuum oven to af-
ford the amic ester-aryl ether ether ketone copolymer, 

 

2e

 

 (Scheme 8.)
Solutions of the copolymers (

 

2a–k

 

) were cast into thin films and heated to 350 °C
to imidize the copolymer (Schemes 6–8), yielding polymers 

 

3a–k

 

. In each case,
clear tough films were obtained indicating minimal homopolymer contamina-
tion. The thermal analyses for the copolymers are shown in Table 3 together with
that of a polyimide homopolymer for comparison. It is important to note that
the aryl ether composition increased after imidization due to the loss of ethanol
in the imidization process. No detectable T

 

g

 

 was observed for the polyimide

Scheme 7
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homopolymer or for the polyimide component in the block copolymer for any
of the copolymers surveyed. Thus, the calorimetry measurements provided no
insight as to the morphology of the block copolymers. Table 3 also contains the
thermal stability, as determined by the polymer decomposition temperature
(PDT) and weight loss upon isothermal aging at 400 °C, for the block copoly-
mers and polyimide. The PDTs for the copolymers are comparable to that of the
polyimide (~ 480 °C) as was the weight loss upon isothermal aging. This is not
entirely unexpected since the aryl ether homopolymers are thermally stable. In-

Scheme 8
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terestingly, the thermal expansion coefficients (TEC), also included in Table 3,
for the copolymers containing low aryl ether compositions were somewhat low-
er than that of the parent polyimide. However, at higher aryl ether compositions,
the TECs were comparable to that of the parent polyimide.

 

2.3
Adhesion, Morphology, and Mechanical Characteristics of Polyimide Copolymers

 

The morphology of block or segmented copolymers is dependent on a number
of factors including sequencing, functionality and molecular weights of the
blocks, the segmental interaction parameter, and thermal history. One synthetic
route utilized a preformed difunctional oligomer-monomer(s) synthetic ap-
proach producing an (A–B)

 

n

 

 multiblock architecture where blocks of varying
length are randomly placed along the chain [55, 56]. Conversely, the use of
monofunctional aryl ether oligomers produces an ABA triblock architecture
where the aryl ether block is the A or terminal component. In such cases, the
equilibrium morphology based on the volume fraction of the components is dif-
ficult to achieve. Furthermore, due to the high T

 

g

 

s of the components of the co-
polymer, annealing to refine the morphology is not possible. The average molec-

 

Table 3. 

 

Thermal characteristics of imide-aryl ether block copolymers

Sample 
Entry

Coblock 
type

Coblock 
Composition

Decomposi-
tion tempera-
ture, °C

Isothermal wt. 
Loss 400 °C 
(N

 

2

 

), wt%

Thermal Ex-
pansion Coef-
ficient, ppm

3a 1a 32 490 0.04 19

3b 1a 54 490 0.04 –

3c 1b 29 480 0.04 15

3d 1b 55 480 0.03 –

3e 1c 21 480 0.13 54

3f 1c 21 480 0.13 54

3g 1d 54 460 0.24 90

3h 1d 14 480 0.12 55

3i 1e 19 500 0.04 51

3j 1f 32 490 0.06 18

3k 1f 52 490 0.06 –
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ular weight of the aryl ether block is identical with that of the preformed oli-
gomer, whereas the average molecular weight of the polyimide block is control-
led by the stoichiometric imbalance between the ODA and PMDA diethyl ester
diacyl chloride. This is dictated by the aryl ether block length and compositions,
where low aryl ether block lengths and high aryl ether compositions generate a
larger imbalance between the ODA and PMDA diethyl ester diacyl chloride and,
consequently, a lower polyimide block length. This may be very important, since
the polyimide block length may control, to a large extent, the phase purity in the
subsequent block copolymers.

Shown in Fig. 2 is the dynamic mechanical analysis of a representative copol-
ymer series containing, in this case, varying aryl ether phenylquinoxaline com-
positions [44]. Two transitions were observed indicative of a microphase-sepa-
rated morphology. For this copolymer series, the first transition was observed at

Fig. 2a, b. Dynamic mechanical spectra of imide-aryl ether phenylquinoxaline block copol-
ymers, copolymer 3a (-----) and copolymer 3b (-----)
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~ 250 °C resulting from the T

 

g

 

 of the aryl ether phenylquinoxaline phase and the
second was observed at approximately 350 °C, which is identical to the transition
observed in the dynamic mechanical spectra of the imide homopolymer. For
each of the copolymer series surveyed, aryl ether block lengths below 10,000
g/mol showed T

 

g

 

s in the copolymer somewhat higher than that of the oligomer.
This may result from polyimide contamination in the aryl ether phase (i.e.,
phase mixing), or, alternatively, from the restriction of the aryl ether chain ends
since the degree of polymerization in these oligomers is relatively low. Moreover,
the region between the transitions, in both the storage modulus and damping, is
broad, suggesting a large diffuse interfacial region between the respective do-
mains [44]. The use of higher aryl ether block lengths shifted in the transitions
toward those of the respective homopolymers, consistent with either improved
phase purity or minimized chain and effects [44, 47]. Markedly different behav-
ior was observed for the imide-aryl ether ether ketone copolymers (Fig. 3) [58].
The T

 

g

 

of the aryl ether ether ketone component was significantly higher than
that of the homopolymer, while the polyimide transition was lower than expect-
ed. This behavior is consistent with poor phase purity or phase mixing, which
may have resulted from the high temperature processing conditions due to the
limited solubility or from an increase in the viscosity of the system due to the
rigid nature of 

 

1e

 

. Crystallization of the aryl ether ether ketone component in the
block copolymer was not observed.

Fig. 3. Dynamic mechanical spectra of imide-aryl ether ether ketone block copolymer (—)
and block copolymer/poly(etherimide) blend (-----)
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In almost all of the cases investigated, the desirable morphology characteris-
tic of the polyimide was retained in the imide-aryl ether copolymers [9, 10]. The
diffraction profiles were determined in a reflection geometry, and consequently
the diffraction vector is oriented normal to the surface of the film (Fig. 4). In
each case, the diffraction profiles were virtually identical with that of the parent
PMDA/ODA polyimide [44]. At ~ 6° a reflection was observed characteristic of
the 15,8 Å spacing associated with the projection of the length of the monomer
unit onto the chain axis, i.e., the (002) reflection [9, 10]. At ~ 18° and ~ 26° very
diffuse reflections were seen characterizing the distances between adjacent PM-
DA/ODA chains. Thus, at least in terms of the ordering of the PMDA/ODA
chains, the introduction of the aryl ether segments has not caused a major per-
turbation. In addition, the reflection at 6° for both the copolymers and the par-
ent PMDA/ODA is weak in the reflection geometry and of approximately equal
intensity. In a transmission geometry, however, this reflection is much more in-
tense. Consequently, the molecular orientation is not altered markedly by the in-
troduction of the aryl ether coblock.

Likewise, the mechanical properties of the copolymers were nearly identical
or even somewhat enhanced towards the polyimide homopolymer in terms of
the modulus and tensile strength values [44, 47]. For most of the block copoly-
mers, the elongations to break were substantially higher than that of PM-
DA/ODA polyimide (Table 4). The shape of the polyimide stress-strain curve is
similar to that of a “work-hardened” metal with no distinguishable yield point

Fig. 4. Wide angle x-ray diffraction profile of imide-aryl ether phenylquinoxaline block co-
polymers (a) 2c and (b) 2d
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characteristic of small-scale or local plastic deformation [60]. The incorporation
of aryl ether, particularly at the high compositions, irrespective of the block
length used, resulted in a stress-strain curve which appeared more like that of an
engineering thermoplastic with a small, yet distinguishable, yield point and
necking and drawing. This is characteristic of a larger scale plastic deformation.

The adhesion of polyimide to itself (self- or auto-adhesion) is important in
the fabrication of multilayer structures. The interfacial strength of sequentially
cast and cured polyimide layers depends on the interdiffusion between layers,
which has been shown to depend largely on the cure time and temperature of the
first layer [3]. In the most practical application or representative case, the first
layer has been cured to 400 °C (T1 = 400 °C) with a second layer of polyimide de-
posited (T2) and the combined layers cured to 400 °C (T1 = T2 = 400 °C). The peel
strength for polyimide under these cure conditions (i.e., (T1 = T2 = 400 °C) is
negligible. The copolymers, on the other hand, showed markedly different be-
havior (Table 5) [44, 47]. The copolymers with the low aryl ether block lengths
and low aryl ether compositions showed significantly enhanced adhesion with
peel strengths of ~ 60 g/mm. Peel strengths between 60 and 100 g/mm are con-
sidered excellent. As the aryl ether composition increased to 32 and 54 wt%, fur-
ther improvements in the adhesion were realized. In fact, after the T2 cure cycle,
sequentially cast and cured films were indistinguishable, and the adhesion was
characterized as a laminate. The copolymers containing the higher aryl ether
block lengths showed the dramatic improvements in adhesion, irrespective of
the aryl ether composition. In the last case, the imide aryl ether phenylquinoxa-
line triblock copolymers, improved adhesion was observed irrespective of block
length or composition, and sequentially cast and cured layers were indistin-
guishable and denoted, once again, as a laminate. This presumably resulted from
the enhanced mobility of the aryl ether phenylquinoxaline component for this
molecular architecture. For each copolymer, the modulus-temperature profile
shows a large drop in modulus at the aryl ether transition and another small
drop in modulus at the polyimide transition. Consequently, the moduli of the
copolymers at 400 °C are substantially lower than that of the parent polyimide
(Fig. 2). Likewise, the damping (tan d) increases, and this increased mobility in
the entire system (melt flow) is believed responsible for the improved adhesion.

Table 4. Mechanical properties of imide-aryl ether block copolymers

Sample Entry Modulus, MPa Tensile Strength, MPa Elongation to Break, %

3a 2600 120 25
3b 2300 115 40
3c 2400 110 30
3d 2500 170 110
3e 2100 110 63
3f 2200 90 22
3g 2300 120 52
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It is important to point out that the improvement in adhesion did not result from
an increase in the solubility of the imidized polymer containing the flexible
coblock after the T1 cure cycle. In fact, the block copolymers demonstrated less
than 2 % swelling (72 h) in the casting solvent, whereas PMDA/ODA polyimide
homopolymer swells approximately 20–30 % (72 h). Clearly these data suggest
that the improved auto-adhesion results from melt flow at 400 °C [44].

It is also of interest to adhere or laminate rigid polyimide films to themselves
with thermoplastic adhesives, eliminating the use of solvents [51]. Although
many of the poly(aryl ether)-based thermoplastics are known to be hot melt ad-
hesives once heated approximately 50–70 °C above their Tgs, adhesion to rigid
polyimides is particularly difficult due to both the polymer-polymer immiscibil-
ity and the absence of mobility in the rigid polyimide. Harris and co-workers
[55] have reported that two such thermoplastics, the amorphous poly(ether im-
ide) and semi-crystalline poly(ether ether ketone), are miscible over their entire
compositional range. The imide aryl ether ether ketone block polymers were de-
signed such that the aryl ether ether ketone component would provide the driv-
ing force for adhesion with the thermoplastic polyimide. The adhesion, as meas-
ured by L-peel test, of sequentially cast and cured layers of poly(ether imide) to
PMDA/ODA polyimide is minimal (Table 6). Conversely, the adhesion of po-
ly(ether imide) to the imide aryl ether ether ketone block polymers showed
markedly different behavior. The adhesion, once cured to 350 °C, was exception-
al. In fact, L-peel adhesion tests could not be performed as the two films were in-
distinguishable and thus denoted in Table 6 as laminate [59]. The substantial im-
provements in adhesion presumably resulted from the local miscibility of the
poly(ether imide) with the aryl ether ether ketone component of the copolymer
at the interface. Mixtures of the imide-aryl ether ether ketone with poly(ether
imide) showed a single Tg, where the Tg of the aryl ether ether ketone block was
shifted towards the Tg of the poly(ether imide) block, commensurate with the
poly(ether imide) content (Fig. 3). These data showed the miscibility of the po-

Table 5. Adhesion characteristics of imide copolymers: T1 = T2 = 400 °C

Sample 
Entry

Coblock Type And 
Composition, wt%

Predicted 
Morphology

Peel Strength, 
g/mm

3a phenylquinoxaline cylindrical laminate
3b phenylquinoxaline lamellar laminate
3c phenylquinoxaline cylindrical laminate
3d phenylquinoxaline lamellar laminate
3e benzoxazole cylindrical 8
3f benzoxazole lamellar laminate
3g benzoxazole cylindrical 1
3h benzoxazole lamellar –
3i phenylquinoxaline cylindrical laminate
3j phenylquinoxaline lamellar laminate
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ly(ether imide) in the aryl ether ether ketone component in the copolymer. Thus,
this approach allows a means to laminate rigid high Tg polyimides which have
Tgs in excess of the lamination temperature with moderate Tg thermoplastic
polyimides.

3
Control of Polyimide Dielectric Constant

An alternative means of reducing the dielectric constant of polyimides is to have
a low dielectric constant component dispersed as a second phase within the rigid
polyimide matrix. Two key approaches have been pursued to this end. The first
involves the preparation of polyimide block copolymers with highly fluorinated
coblocks and the second involves the generation of a polyimide foam. The main
drawback to the first approach is the solubility of highly fluorinated blocks in or-
ganic media which will permit copolymerization with polyimides. This led to
the investigation of new semi-fluorinated polymers derived from poly(aryl
ethers).

3.1
Imide-Perfluoroalkyl Ether Copolymers

Incorporation of aryl ether groups into semi-fluorinated polymers should give
better NMP processability while maintaining the thermal stability, and the tech-
niques known to prepare amine functional poly(aryl ethers) can be applied [43]. 
This led us to study the synthesis of poly(perfluoroalkylene aryl ethers) from bi-
sphenols and 1,6-(4-fluorophenyl)perfluorohexane using conventional poly-
ether polymerization conditions (Scheme 9) [61]. The resulting polymers dis-
played good processability in a variety of solvents, excellent thermal stability, Tg
= 40 - 100 °C, and dielectric constants in the region of 2.6 (1 MHz). Amine func-
tional oligomers of controlled molecular weight were prepared by proper adjust-
ment of the stoichiometry and addition of 1,3-aminophenol as an end-capping
agent (Scheme 9).

The polyimide-perfluoroalkyl ether block copolymers were prepared
through the poly(amic alkyl ester) route, where a solution of diester diacyl chlo-
ride of PMDA was added to a mixture of ODA and the perfluoroalkyl ether oli-
gomer, analogous to the procedure previously described [55]. Toluene was used
as a cosolvent together with NMP to improve the solubility of the fluorinated
coblock, and the resulting polymers were isolated by precipitation. The charac-

Table 6. Adhesion studies of poly(ether imide) on polyimide

Sample 
Entry

Aryl Ether Ketone 
Composition, wt%

Peel Strength, 
g/mm

PMDA/ODA polyimide – 3
copolymer 2i 19 laminate
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teristics of selected copolymers are shown in Table 7 (copolymers 4a–4d). The
incorporation of perfluoroalkyl ether coblock is near quantitative, and thermal
cure leads to conversion of the poly(amic ester) to polyimide and a concomitant
increase in perfluoroalkyl ether content. The thermal stability of the cured co-
polymers was good at 400 °C (0.20 wt%/h for the 50/50 compositions), albeit
lower than the polyimide homopolymer.

The dynamic mechanical analysis of copolymers with perfluoroaryl ether
compositions of 35 % (copolymers 4a) is shown in Fig. 5. The copolymer dis-
played a transition corresponding to the aryl ether block (100 °C) and a transi-
tion at ~ 350 °C, which is identical to that observed for PMDA/ODA. The pres-
ence of two transitions at temperatures close to that of the pure homopolymers
is indicative of a heterogeneous morphology with good phase purity. The reten-
tion of the modulus to high temperature shows the polyimide is the continuous
component acting as the matrix. The mechanical properties of selected copoly-
mers are shown in Table 8, and moduli comparable to PMDA/ODA and elonga-
tions as high as 100 %. The dielectric constants of the copolymers are in the re-
gion of 2.8, which is lower than PMDA/ODA polyimide.

Table 7. Characteristics of alkyl ester-perfluoroether copolymers

Perfluoroether Composition, wt%
Sample 
Entry

Perfluoroether Oligomer, 
Mol. wt. g/mol Theory Measured

4a 6500 30 33
4b 6500 50 46
4c 6500 75 71
4d 9900 50 47

Scheme 9
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3.2
Polyimide Nanofoams

One alternative to the above procedure is to generate a polyimide foam to reduce
the dielectric constant substantially while maintaining the desired thermal and
mechanical properties of the aromatic polyimide. The reduction in the dielectric
constant is simply achieved by replacing the polymer with air which has a die-
lectric constant of 1. The advantage of a foam approach is readily apparent by ex-
amination of Fig. 6, which shows a Maxwell-Garnett modeling of composite
structures based on a matrix polymer, with an initial dielectric constant of 2.8
[62]. Incorporation of a second phase of dielectric constant 2.0, simulating in-
troduction of a second lower dielectric polymer phase, provides some reduction
of the overall system dielectric properties. However, when the second phase has
a dielectric constant of 1.0, as would be the case on introduction of air-filled
pores to form a foam, the reduction of overall dielectric constant is very dramat-
ic. Moreover, it is important to note that the relationship between composition
and overall dielectric constant is not linear; in particular, the most significant

Table 8. Mechanical properties of imide-perfluoroether copolymers

Sample 
Entry

Modulus, 
MPa

Stress at Break, 
MPa

Elongation to 
Break, %

4b 2030 112 102
4c 2000 83 107

Fig. 5. Dynamic mechanical spectrum of imide-perfluoroalkyl ether block copolymer 4a.
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advantages are realized at modest levels of porosity. However, there are re-
straints on the materials. It is obvious that the pore size must be much smaller
than the film thickness and any microelectronic features. Second, it is necessary
that the pores be closed cell, i.e., the connectivity between the pores must be
minimal. Third, the volume fraction of the voids must be as high as possible.
Each of these can alter the mechanical properties of the film and structural sta-
bility of the foam. Failure to meet these restrictions will lead to a collapse of the
foam or to a foam with limited use.

Polyimide foams, which have been developed primarily for the aerospace and
transportation industries, show high compressive strength, low dielectric con-
stant, low density, good thermal stability, and, unlike other organic foams, poly-
imide foams tend to be self-extinguishing when burned [63]. The routes to the
preparation of polyimide foams include foaming agents [64–66], partial degra-
dation generating a foaming agent [64–73], the inclusion of glass or carbon mi-
crospheres [74–78], and microwave processing [79]. The use of foaming agents
and reactive systems are the most common routes to polyimide foams and tend
to give the most well-defined and controlled pore structures. Alternatively,
nadimide functional oligomers have been shown to undergo a rearrangement
upon curing to evolve volatiles in which foam structures can be prepared. Most
of the high temperature polymer foams reported to date do not satisfy the re-
quirements for applications in microelectronics and, hence, have not found any
practical use for thin film applications. 

An alternative means of generating a polyimide foam with pore sizes in the
nanometer regime has been developed [80–90]. This approach involves the use
of block copolymers composed of a high temperature, high Tg polymer and a
second component which can undergo clean thermal decomposition with the
evolution of gaseous by-products to foam a closed-cell, porous structure (Fig. 7).

Fig. 6. Maxwell-Garnett theory used for the prediction of dielectric constant containing dis-
persed regions of low dielectric polymer (e = 2.0, s) or air (e = 1.0, ●)
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This concept is similar to that developed by Patel et al. [91] for the preparation
of epoxy networks with well-defined microporosity. However, rather than using
a phase separation process of two polymers which proceed via a nucleation and
growth mechanism and leads to phase separation on the micrometer scale, the
work described here takes advantage of the small size scale of microphase sepa-
ration of block copolymers. These block copolymers can be made to undergo
thermodynamically controlled phase separation to provide a matrix with a dis-
persed phase that is spherical in morphology, monodisperse in size and discon-
tinuous. Furthermore, the molecular structure and molecular weight of the seg-
ments allows procise control over both the size and volume fraction of the dis-
persed phase. By designing the block copolymers such that the matrix material
is a thermally stable polymer with low dielectric constant and the dispersed
phase is a thermally labile polymer that undergoes thermolysis at a temperature
below the Tg of the matrix to give all volatile reaction products, one can prepare
foams with pores in the nanometer dimensional regime that have no percolation
pathway. That is, they are closed structures containing nanometer size spherical
pores that contain air.

The successful implementation of the block copolymer approach to polyim-
ide nanofoams requires the judicious combination of polyimide with the ther-
mally labile coblock. The material requirements for the polyimide block are
stringent and require thermally stable, high Tg polyimides which can be readily

Fig. 7. Approach to the preparation of polyimide nanofoam using microphase separated 
block copolymers
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copolymerized with the appropriate labile block. A number of polyimides were
surveyed and the structures of selected polyimides are shown in Scheme 10 [90].
Each of the polyimides had Tgs in excess of 370 °C and decomposition tempera-
tures of ~ 500 °C.

3.2.1
Criteria for the Thermally Labile Coblock

The criteria for the thermally decomposable coblock include the synthesis of well-
defined functional oligomers, compared with the synthesis of polyimide. This
block must also decompose quantitatively into non-reactive species that can easily
diffuse through a glassy polyimide matrix. The temperature at which decomposi-

Scheme 10
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tion occurs is critical; it should be sufficiently high to permit standard film prepa-
ration and solvent removal yet below the Tg of the polyimide block to avoid foam
collapse. The thermally labile coblocks investigated include poly(propylene oxide),
poly(methyl methacrylate), poly(styrene), poly(a-methylstyrene), and po-
ly(caprolactone). Each decomposes quantitatively into small molecules in the ap-
propriate temperature regime. Poly(propylene oxide) is stable in an inert atmos-
phere up to 300 °C. However, when exposed to oxygen, poly(propylene oxide) de-
composes rapidly between 250 and 300 °C. Fig. 8 shows the thermogravimetric
analysis (TGA) thermogram of poly(propylene oxide) heated isothermally at 275
°C in air. Within 20 min, a quantitative decomposition is observed. The thermal de-
composition temperature of poly(methyl methacrylate) is strongly dependent on
the polymerization mechanism used, since the degradation occurs via a depolym-
erization process. For example, poly(methyl methacrylate) prepared by free radical
methods produces a substantial amount of chain ends terminated via a dispropor-
tion reaction. Typically, such poly(methyl methacrylate)degrades at relatively low
temperatures. Conversely, poly(methyl methacrylate) prepared by anionic or group
transfer methods has well-defined end groups and substantially higher decompo-
sition temperatures. In fact, the poly(methyl methacrylate) used in this study has a
decomposition temperature of 335 °C. Poly(a-methylstyrene), polystyrene, and
styrene/a-methylstyrene copolymers are ideally suited for use as the thermally la-
bile block, since well-defined functional oligomers can be prepared via anionic po-

Fig. 8. Isothermal gravimetric analysis of poly(propylene oxide)
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lymerization methods, and the polymer depolymerizes to monomer which, in
principle, can readily diffuse through the matrix (Fig. 9). Poly(a-methylstyrene)
and poly(styrene) undergo rapid thermal decomposition by depolymerization.
The average number of monomer units generated per radical formed via initiation
or intermolecular transfer defines the zip length [92, 93]. For poly(a-methylsty-
rene) the zip length is extremely high, ~ 1200, with a nearly quantitative monomer
yield [92, 93]. By comparison, poly(styrene) has a zip length of approximately 60
[92]. Thus, the decomposition rate is significantly slower. Alternatively, poly(e-
caprolactone) and related aliphatic polyesters can be prepared by ring opening po-
lymerization methods and decompose in the requisite temperature regime [94–96].

The characteristics of the amine terminated oligomers are shown in Table 9
(5a–f). Monohydroxyl terminated oligomers were prepared via anionic, group
transfer or “living free radical” polymerization methods and were converted to
the amine end groups by a method developed by Hedrick and co-workers [87,
88, 94]. The aminophenyl carbonate end-capped propylene oxide oligomers
were prepared by the reaction of the monohydroxyl terminated propylene oxide
oligomers with 4-nitrophenyl chloroformate in methylene chloride containing
pyridine. The oligomers were then hydrogenated with Pearlman’s catalyst (pal-
ladium hydroxide) and hydrogen to the amine. The molecular weights ranged
from 5000 to 15,000 g/mol.

Fig. 9. Thermogravimetric analysis of Poly(styrene), poly a-methylstyrene and copolymers



Nanoscopically Engineered Polyimides 91

3.2.2
Synthesis and Characterization of Polyimide Copolymers

The solubility of the polyimide dictated, to a large extent, the synthetic route
employed for the copolymerization. The ODPA/FDA and 3FDA/PMDA polyim-
ides are soluble in the fully imidized foam and can be prepared via the poly(am-
ic-acid) precursor and subsequently imidized either chemically or thermally.
The PMDA/ODA and FDA/PMDA polyimides, on the other hand, are not soluble
in the imidized form. Consequently, the poly(amic alkyl ester) precursor was
used followed by thermal imidization. For comparison purposes, 3FDA/PMDA-
based copolymers were prepared via both routes. The synthesis of the poly(amic
acid) involved the addition of solid PMDA to a solution of the styrene oligomer
and 3FDA to yield the corresponding poly(amic acids). The polymerizations
were performed in NMP at room temperature for 24 h with a solids content of ~
10 % (w/v). Chemical imidization of the poly(amic-acid) solutions was carried
out in situ by reaction with excess acetic anhydride and pyridine in 6–8 h at 100 °C.
The copolymers were subjected to repeated toluene rinses in order to remove
any unreacted styrene homopolymer. The synthesis poly(amic alkyl ester), on
the other hand, involved the incremental addition of PMDA diethyl ester diacyl
chloride in methylene chloride to a solution of the oligomer and 3FDA in NMP
containing pyridine as the acid acceptor (Scheme 11). In these experiments, the
meta isomer of PMDA diethyl ester diacyl chloride was used primarily due to its
enhanced solubility, and to facilitate comparison with previous studies. The sol-
ids composition was maintained at ~ 15 % for each of the polymerizations. The
copolymers were isolated in a methanol/water mixture, rinsed with water to re-
move remaining salts, and rinsed with methanol and toluene followed by dry-
ing. Shown in Table 9 are some of the general types of copolymers prepared as
foam precursor, showing the scope of combinations of labile with thermally sta-
ble blocks (copolymers 6a–n).

The characteristics of selected copolymers, prepared in the fully imidized
form and in the poly(amic alkyl ester) precursor to the polyimide, are shown in
Table 10. The weight percentage, or loading, of the labile blocks in the copoly -
mers was intentionally maintained low (~ 20 wt%) in order to produce discrete

Table 9. Aromatic amine terminated thermally labile oligomers

Sample 
Entry

Thermally Labile 
Block Type

Polymerization 
Method

Molecular Weight 
(g/mole)

Tg (°C)

5a poly(a-methylstyrene) anionic 12,000 155
5b poly(styrene) anionic 14,000 100
5c styrene/a-methylstyrene anionic 14,000 100
5d poly(styrene) free radical 13,000 100
5e poly(propylene oxide) anionic 5,600 - 65
5f poly(methyl methacrylate) group transfer 15,000 105
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spherical domains of the block embedded in the polyimide matrix. At higher
loadings, phase separation of the block could, in principle, produce cylindrical
or more interconnected structures which are undesirable. The loading of the la-
bile block in the copolymer was assessed by thermal gravimetric analysis (TGA)
and by 1H NMR. For essentially all cases, the loading of the labile block agreed
closely with that theoretically expected from the feed ratios. The use of mono-
functional oligomers in the polyimide syntheses described above affords on
ABA triblock copolymers architecture, where the thermally labile component
comprises the terminal A blocks and the stable polyimide is the B block. It
should be noted with such an architecture that, upon thermal decomposition

Scheme 11
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Table 10. Characteristics of block copolymers

Thermally Labile Block 
Composition, wt% Volume Frac-

tion of Labile 
Block, %

Incorporated
Copolymer 
Entry

Polyimide Type 
and Form

Thermally Labile 
Block Type Charge 1H NMR TGA

6a 3FDA/PMDA (alkyl ester) poly(propylene oxide) 15 9.9 9 11
6b 3FDA/PMDA (alkyl ester) poly(propylene oxide) 25 23 22 27
6c ODPA/FDA (imide) poly(propylene oxide) 15 13.1 13 –
6d ODPA/FDA (imide) poly(propylene oxide) 25 22.5 22.5 –
6e PMDA/FDA (alkyl ester) poly(propylene oxide) 15 14 9.2 12
6f PMDA/FDA (alkyl ester) poly(propylene oxide) 25 22 18.4 –
6g ODPA/FDA (imide) poly(a-methylstyrene) 14 13 14 16
6h ODPA/FDA (imide) poly(a-methylstyrene) 25 24 24 29
6i 3F/PMDA (alkyl ester) poly(a-methylstyrene) 15 14 15 27
6j 3F/PMDA (alkyl ester) poly(a-methylstyrene) 25 – 24 27
6k 3F/PMDA (alkyl ester) poly(styrene) 20 18 19 2
6l 3F/PMDA (alkyl ester) a-methylstyrene/styrene 

copolymer
20 15 14 18

6m PMDA/ODA (amic ester) poly(propylene oxide) 25 22 23 28
6n PMDA/ODA (amic ester) poly(methyl methacrylate) 25 20 21 23
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ofthe labile coblock, the molecular weight of the polyimide block remains the
same. This is important for mechanical and physical property considerations.

The processing window for film and foam formation was established primarily
with the 3FDA/PMDA imide-based copolymers, since these copolymers are solu-
ble and can be isolated and characterized at various stages of processing or imi-
dization. It is critical that the decomposition of the labile block should occur sub-
stantially below the Tg of the polymer matrix. Furthermore, the casting solvent
must be effectively removed, without labile block degradation, to minimize plas-
ticization of the polyimide matrix, which would further narrow the processing
window (i.e., temperature difference between Tg polyimide and decomposition
temperature of labile block). Samples were cast from NMP, cured, and the
processing window for film and foam formation was established by 1H NMR,
TGA, and dynamic mechanical measurements. Since most of the labile blocks are
stable at 300 °C in nitrogen, samples cured to this temperature to remove the cast-
ing solvent should retain their labile block composition. 1H NMR showed com-
plete solvent removal and the full Tg of polyimide phase was achieved (440 °C).
Volksen and co-workers [37] found that the temperature range over which imidi-
zation occurred for the poly(amic ethyl ester) derived from PMDA/ODA was 240–
355 °C, with a maximum in the rate at 255 °C. I.R., 1H NMR, and calorimetry
measurements indicated that the imidization was essentially quantitative under
these conditions, with minimal loss to the labile block composition as measured
by TGA. However, the processing temperature of the a-methylstyrene-based co-
polymers was limited to 265 °C to minimize poly(a-methylstyrene) decomposi-
tion. In this case, ~ 1–3 % solvent remained and complete imidization was not ac-
complished, which resulted in a depression in the polyimide Tg.

Dynamic mechanical analysis was one technique used to access the morphol-
ogy of the copolymers. It is essential that separation occurs with high phase pu-
rity in order to obtain a nanofoam while minimizing collapse. Selected dynamic
mechanical spectra are shown in Fig. 10. Two transitions were observed in each
case, indicative of microphase separated morphologies. For the imide a-meth-
ylstyrene copolymer (Fig. 10), the transition occurring near 160 °C is similar to
that seen for the a-methylstyrene oligomer used in the synthesis and the damp-
ing peaks associated with the a-methylstyrene transition are sharp, indicating
that the phases are not only pure but have discrete boundaries. For the a-meth-
ylstyrene-based copolymers and other labile coblocks which rapidly degrade,
the transition of the imide block shows a strong dependence on the fraction of
the a-methylstyrene or other labile block in the copolymer. The copolymer con-
taining ~ 15 wt% a-methylstyrene (copolymer 6g) shows an imide transition
which is nearly identical to that of the polyimide homopolymer. However, the
copolymer containing the higher a-methylstyrene fraction shows an imide tran-
sition which is substantially depressed (6h). Furthermore, the transition ap-
pears at nearly the same temperature (~ 320 °C) as the decomposition tempera-
ture of poly(a-methylstyrene).
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The thermogram of copolymer 6h in Fig. 11 shows that the a-methylstyrene
coblock degrades at ~ 320 °C, and the degradation product, a-methylstyrene, is
readily evolved as evidenced by the narrow temperature range for the degrada-
tion and monomer evolution. Since poly(a-methylstyrene) thermally degrades
by depolymerization, the loss of degradation products is rapid, as shown in Fig.
11. Also shown in Fig. 11 is the dynamic mechanical spectra of copolymer 6h to-
gether with the thermal gravimetric data. A drop in the modulus occurs in the
proximity of the a-methylstyrene degradation temperature. This modulus drop
was followed by an increase in the modulus just prior to the Tg of the polyimide
matrix, consistent with the evolution of degradation products. The copolymer
with a high a-methylstyrene content (copolymer 6h), on the other hand, shows
a Tg at a temperature which was commensurate with the degradation of the tem-
perature a-methylstyrene coblock. These data suggest that the a-methylstyrene
monomer degradation product strongly interacts with the ODPA/FDA polyim-
ide, which results in plasticization of the matrix.

3.2.3
Foam Formation and Characterization

The balance of these different factors is found in the dependence of nanofoam
formation on the labile block content in the copolymer [98]. For copolymers
with a low composition of labile block, the degradation is rapid, forming a res-

Fig. 10. Dynamic mechanical spectra of copolymers 6g (-----) and 6h (—)
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ervoir of degradation products that must be removed in order to form voids.
Since the permeability, which takes into account both the solubility and diffu-
sion coefficient, will cause an initial depression (i.e., plasticization) of the mod-
ulus followed by an increase in the modulus as the concentration of degradation
products diminishes. However, for higher fractions of the labile blocks, a satu-
ration concentration of the degradation products in the imide matrix must be
reached. Although the rate at which the degradation products are removed is
rapid, within the time scale defined by the relaxation of the plasticized imide
matrix, the removal is not rapid enough and leads to a collapse of the nanofoam.
Consequently, the retention of the foam structure depends upon a balance be-
tween the rate of decomposition of the labile coblock, the solubility of the deg-
radation products in the imide matrix, and the rate at which the degradation
products diffuse out the matrix. For each labile coblock surveyed, mild decom-
position temperatures were employed to effect the decomposition of the labile
block in such a way as to minimize plasticization.

This generation of the nanofoam was accomplished by subjecting the copoly-
mer film to a subsequent thermal treatment to decompose the labile coblock.
The temperature range and degradation atmosphere varied depending on the
labile block type. For instance, the propylene oxide-based copolymers were
heated to 240 °C in air for 6 h, followed by a post-treatment at 300 °C for 2 h to
effect the degradation of the propylene oxide component. The degradation proc-
ess was followed by thermogravimetric analysis (TGA) and 1H NMR, and, under
these conditions, quantitative degradation was observed with no evidence of re-

Fig. 11. Dynamic mechanical spectra and thermogravimetric spectra for copolymer 6h
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sidual by-products nor chemical modification of the polyimide. Conversely, the
degradation of the styrenic-based copolymers was accomplished by a step-wise
process so as to minimize the degradation rate of these blocks.

The density of the polymer clearly shows the formation of a foamed polymer.
The density values for selected foams together with the polyimide homopoly-
mers are shown in Table 11. The density values for the ODPA/FDA and PM-
DA/FDA polyimides were both 1.28 g/cm3 and 3FDA/PMDA is 1.34, while most
of the propylene oxide-based copolymers showed substantially lower values.
The densities of the foamed copolymers derived from these copolymers ranged
from 1.09 to 1.27 g/cm3, which is ~ 85–99 % of that of the polyimide homopoly-
mers. This is consistent with 1–15 % of the film being occupied by voids. From
these data (i.e., the comparison of Tables 10 and 11), it appears that the volume
fraction of voids or the porosity is substantially less than the volume fraction of
propylene oxide in the copolymer (i.e., ~ 70 % or less). Thus the efficiency of
foam formation is poor. Conversely, the propylene oxide-based copolymers with
PMDA/ODA as the imide component did not show the expected density drop,
and the values were essentially identical to that of the homopolymer. In PM-
DA/ODA-based systems, molecular ordering and orientation were found to be
critical in determining the stability of the foam structure. Where the character-

Table 11. Characteristic of polyimide foams

Sample 
Entry

Initial Labile Block 
Composition, vol.%

Density, 
g/cm3

Volume Fraction of 
Voids (Porosity) %

3FDA/PMDA polyimide – 1.35 –
6a 11 1.17 13
6b 27 1.10 18
ODPA/FDA polyimide – 1.28 –
6c – 1.20 6
6d – – 12
PMDA/FDA polyimide – 1.28 –
6e – 1.17 7
6f – 1.11 12
6g 16 1.23 3.1
6h 29 1.18 7.5
6i 27 1.13 16
6j 27 – 30
6k 22 1.17 14
6l 18 1.18 19
PMDA/ODA polyimide – 1.41 –
6m 20 1.41 0
6n 25 1.41 0
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istic in-plane molecular orientation and molecular ordering of homogeneous
PMDA/ODA films were retained, relaxation rates were clearly enhanced in the
presence of the pores, leading to collapse of the foam structure well below the
matrix Tg. Moreover, there is some suggestion that the presence of pores may en-
hance stress relaxation rates in step strained imide foams. Thus, the recreation
of these effects in a suitably designed block copolymer (where the presence of a
second phase should maintain the structural integrity) may be a means of pro-
moting rapid stress relaxation in PMDA/ODA imide films, yielding the sought-
after low stress materials.

The porosity values, as measured by the density column, for the foamed co-
polymers derived from the styrene and a-methylstyrene coblock was difficult.
In all cases, the density gradient method yielded results which were consistently
lower than those described above, by a substantial amount. During the course of
the measurement, the film settled initially at a specific height in the column.
With time the sample drifted downwards in the column to higher densities. This,
more than likely, resulted from the fluid penetrating into the porous film, which
eventually yielded the density of the 3FDA/PMDA polyimide homopolymer.
Consequently, an alternative means of measuring porosity was required. It has
been shown that infrared spectroscopy provides the means of determining the
void content in polymeric materials [95]. Independently measuring the film
thickness, the absorbance, calibrated against the bulk polymer, and the refrac-
tive index, determined from the interference fringes, yields results that are in
quantitative agreement with density gradient methods. The porosities of the
foamed copolymers measured by IR are shown in Table 11. The foams derived
from the block copolymers comprised of the low block lengths show foam effi-
ciencies comparable to those observed for foams derived from the imidized co-
polymers. Conversely, the foam derived from the copolymer containing the high
molecular weight a-methylstyrene coblock (copolymer 6j) showed porosities
which met and even exceeded the volume fraction of a-methylstyrene coblock.
However, many of the foams prepared from a-methylstyrene and styrene labile
blocks were somewhat cloudy or even opaque in some cases. This, in turn, led to
significant scatter in the IR results. In these samples, transmission electron mi-
croscopy (TEM) was used to assess the porosity [96].

Rather convincing evidence that nanofoams can be generated via this process
is shown in Fig. 12. Here, an electron micrograph of copolymer 6b is shown de-
rived from an imide-propylene oxide copolymer. The porous structure of a foam
is clearly evident where the white areas are the voids from the degraded labile
phase. The average size of the pores is ~ 60 Å which is slightly more than that
found by small-angle X-ray scattering. One rather important feature of these
data is that the pores are not interconnected. This, as should be remembered, is
critical for the end use of these materials. In addition, there is no evidence of
very small pores, which is in keeping with the small-angle X-ray scattering data.
Furthermore, the periodic nature of the pores is clearly evident. Conversely, the
foams derived from the a-methylstyrene- and styrene-based copolymers
showed pore sizes ranging from 200 to ~ 1800 Å, which are considerably larger
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than the size of the microdomains of the initial copolymer (Fig. 13). Further-
more, the pores appear to be more interconnected than those obtained from the
fully imidized copolymers. Finally, these pores are anisotropic in shape, not
spherical. The block copolymers derived from rigid and semi-rigid polyimides
with either poly(methyl methacrylate) or poly(propylene oxide) did not show
the expected nanofoam formation upon thermolysis of the labile coblock. The
rapid collapse of the foam well below the nominal glass transition temperature,
Tg, was attributed to the anisotropic mechanical properties, characteristic of

Fig. 12. Transmission electron micrograph of foamed copolymer 6b
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thin films of these ordered polyimides. However, in the case of the a-methylsty-
rene-based copolymers with the rigid polyimides, highly porous materials were
prepared as a result of the blowing of the matrix.

Foam formation was possible only in the amorphous high Tg polyimides;
however, the volume fraction of voids does not correspond to the volume frac-
tion of propylene oxide in the initial copolymer. A decrease in the volume frac-
tion of voids incorporated into the matrix in comparison to the initial volume
fraction of the propylene oxide in the copolymer can be understood by consid-

Fig. 13 a. Transmission electron micrograph of: a foamed copolymers 6k 
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ering the distribution of sizes of the propylene oxide phases. Since the copoly-
mers are not monodispersed, a distribution of propylene oxide microdomain
sizes is produced. The pressure exerted on a pore will vary as g/R, where g is the
surface tension and R is the radius. Consequently, the higher pressure on the
smaller pores will tend to cause them to collapse. In addition to this, there will
be a small amount of propylene oxide within the imide phase, which will be re-
moved upon decomposition. However, this cannot account for the larger dis-
crepancies, particularly when the initial propylene oxide content was high. In
this case, the large volume fraction of the propylene oxide will necessarily give
rise to smaller volumes of the imide phase between the propylene oxide phases.
During the degradation of the propylene oxide, the imide can be plasticized by
the decomposition products and cause a collapse of the void structure. However,

Fig. 13 b. Transmission electron micrograph of: b foamed copolymers 6l
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the interaction of the poly(propylene oxide) degradation products with polyim-
ide is not clear. There are approximately 11 major degradation products upon
the thermolysis of poly(propylene oxide), where acetaldehyde and acetone com-
prise nearly 80 % of these products. These polyimides are polar and their solu-
bility parameters are close to those of the major degradation products of po-
ly(propylene oxide). In fact, ODPA/FDA and PMDA/FDA show a significant level
of uptake of acetone and acetaldehyde, further suggesting a favorable interaction
and the possibility of plasticization. Although the duration of the plasticization
may be minimal due to the elevated temperature, this transient mobility coupled
with the residual thermal and solvent loss stresses are sufficient to cause a par-
tial collapse of the foam structure. These combined observations suggest that

Fig. 13 c. Transmission electron micrograph of: c foamed copolymers 6j
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there is an optimal void size and volume fraction that can be incorporated into
the imide matrix.

In both styrene and a-methylstyrene coblocks used for the generation of the
nanofoam structure, the TEM results demonstrate that the size of the pores gen-
erated are much larger than the size of the initial copolymer microdomains. This
suggests that the degradation products, a-methylstyrene or styrene, act as blow-
ing agents. As the blocks decompose, some of the monomer diffuses into the
polyimide matrix, plasticizing the polyimide. The decomposition of the block,
particularly a-methylstyrene, is quite rapid and much more rapid than the dif-
fusion rate. The monomer, at these temperatures, exerts a substantial pressure
on the surrounding matrix. Since the matrix is plasticized, it can be effectively
blown (Fig. 13). Some of the pores can coalesce with time, giving rise to a par-
tially interconnected pore structure.

To obtain a measure of the dielectric constant and anisotropy of thin films, the
refractive index of thin film samples was measured. It has been shown that the
measured dielectric constant is approximately the square of the refractive index
at 633 nm wavelength [the actual relationship is roughly e (refractive index)2 + 02.]
and the anisotropy is obtained from the difference between the in-plane and
out-of-plane refractive index [97]. The measured anisotropy of foamed polyim-
ides is lower than that observed for non-foamed polyimides. In addition, a drop
in refractive index of the samples was observed upon foaming. The polyimide
PMDa/3FDA has a measured dielectric constant of ca. 2.9 at 70 °C. A foamed
sample of PMDA/3FDA derived from copolymer 6f showed a drop in dielectric
constant of 2.3 [97].

4
Residual Thermal Stress Control of Polyimide Through the Use of 
Self-Assembled, Phase Separated Block Copolymers

The semi-rigid PMDA/ODA polyimide has a thermal expansion coefficient
(TEC) value of approximately 40 ppm, and a measured residual thermal stress in
the 30–40 MPa range [15]. However, it should be pointed out that the stress value
is significantly less than the value that would be predicted from the TEC and
modulus values, and the discrepancy was found to be a result of a significant
stress relaxation in the film. However, this relaxation was shown to occur with a
large time constant. Thus, while stress relaxation does occur in polyimide, the
rate and degree of stress relaxation is insufficient to provide significant relaxa-
tion of thermal mismatch stress in a multilayer structure of dissimilar materials
such as ceramic or copper. Consequently, it was of interest to modify PM-
DA/ODA polyimide in such a way as to enhance the stress relaxation process
and, subsequently, lower residual thermal stress. Moreover, it would be of signif-
icant value to have a generic means of modifying semi-rigid and even amor-
phous polyimides in such a way as to control stresses which result from thermal
expansion coefficient mismatches of adhered films. The incorporation of an
elastomeric modifier into polyimide is the most judicious choice, since, in most
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cases, elastomers relax simultaneously with the applied load. Furthermore, elas-
tomeric modifiers phase separated on the appropriate size scale and should
serve as sites of stress concentrations which may enhance the relaxation rate of
the polyimide. A number of appropriately designed polyimide block copoly-
mers have been prepared as a means to facilitate the stress relaxation of polyim-
ide and to yield a generic methodology to low stress materials. Poly(dimethylsi-
loxane) was chosen as the primary coblock, since poly(dimethylsiloxane) is a
low Tg, low modulus materials and should, in principle, provide a large modulus
mismatch with the polyimide.

4.1
Synthesis of Imide-Siloxane Copolymers

Several series of copolymers were prepared as a route to low stress polyimides [2,
102]. The first series of copolymers prepared were PMDA/ODA imide-dimethylsi-
loxane copolymers (7a–c, Table 12). The copolymers were prepared via the po-
ly(amic alkyl ester) route where PMDA diethyl ester diacyl chloride was added to
a solution of ODA and amine functional siloxane in the presence of base (Scheme
12). High molecular weight polymer was obtained for each of the siloxane block
lengths surveyed, and the characteristics are shown in Table 12. Since poly-
dimethylsiloxane is nonpolar, microphase separated morphologies were
achieved which showed high phase purity while the polyimide block retained
the local ordering and orientation, characteristic of the polyimide homopoly-
mer (Fig. 14) [92]. Transmission electron microscopy (TEM) of the imide-
dimethylsiloxane copolymer (7c) clearly shows the formation of a well-defined
two phase structure, where the dark region is the polyimide continuous phase
(Fig. 15). In a second series of block copolymers, structural modifications to the
poly(dimethylsiloxane) coblock were introduced. PMDA/ODA imide-dimethyl-
diphenylsiloxane copolymers were prepared with diphenylsiloxane composi-
tions ranging from 25 to 75 wt% (8a–c, Table 13). The polar diphenylsiloxane
minimized the solubility parameter difference between the imide and siloxane
blocks to facilitate phase mixing, as evidenced by the dynamic mechanical be-
havior (Fig. 14). The characteristics of the copolymers prepared are shown in
Table 13. In this study, the siloxane block length and composition remained con-
stant and the diphenylsiloxane composition was varied. 

Table 12. Characteristic of imide-dimethylsiloxane block copolymers

Copolymer 
Entry

Dimethylsiloxane 
Block Length, g/mol

Dimethylsiloxane 
Composition, wt%

7a 1000 20
7b 1000 65
7c 5400 20
7d 5400 50
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Table 13. Characteristic of imide-dimethyldiphenylsiloxane block copolymers

Copolymer 
Entry

Dimethyldiphenylsil-
oxane Block Length, 
g/mol

Dimethyldiphenylsi-
loxane in Copolymer, 
wt%

Diphenylsiloxane 
Incorporation, wt%

8a 4800 20 25
8b 5400 20 50
8c 5700 20 75

Scheme 12
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4.2
Mechanical Properties of Imide-Siloxane Copolymers

The residual thermal stress was investigated with a Flexus stress analyzer. The
residual stress, sF, was calculated from the radii of wafer curvatures before and
after polyimide film deposition by the following equation:

sF = {EStS2/6tF(1 - VS)}{1/RF - 1/R¥}

where the subscripts F and S represent the polymer film and substrate, respec-
tively, and E is the Youngs modulus; V is Poisson's ratio, s is the stress, and t is
the thickness. RF and R¥ are the radii of a substrate with and without a polymer
film, respectively. During thermal curing and cooling, the stress was measured
dynamically over the range of 25 to 400 °C. The stress vs temperature profiles for

Fig. 14. dynamic mechanical spectra of copolymers 8a (-----), 8b (.....), 8c (—) and polyim-
ide homopolymer (-·-·-·-)
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the imide-dimethylsiloxane and imide-dimethyldiphenylsiloxane copolymers
with siloxane block lengths of 5400 g/mol are shown in Fig. 16. Each of the sam-
ples contained ~ 20 wt% of polysiloxane coblock. The stress vs temperature pro-
file for PMDA/ODA polyimide is also shown to facilitate comparison. Surpris-
ingly, upon cooling from 350 °C, copolymer 7c shows no buildup in stress. In
principle, the residual thermal stress which results from the mismatch in the
thermal expansion coefficient between the substrate and the polymer is propor-
tional to the product of the modulus and the thermal expansion coefficient as
shown by the following equation:

s = 

Fig. 15. Transmission electron micrograph of copolymer 7c
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where T is the temperature, E is the modulus, and a is the thermal expansion co-
efficient. For the case of the imide-dimethylsiloxane copolymer, both the modu-
lus and thermal expansion coefficient are high. Therefore, it is inconsistent to
have no stress in the temperature regime studied. The introduction of diphenyl-
siloxane into the soft block (copolymers 8a–c) while maintaining the high block
length resulted in a stress/temperature profile which is substantially different to
that of the imide-dimethylsiloxane copolymer (copolymer 7c). Although these
stress values for the diphenylsiloxane-containing copolymers are between 20
and 25 MPa, which is approximately 25–40 % lower than that of the parent
homopolymer, they are still not as low as the copolymer with the dimethylsi-
loxane block.

The stress invariance with temperature was observed only for copolymer 6c
containing the high dimethylsiloxane block length. Dynamic mechanical analy-
sis and TEM measurements revealed high phase purity for this copolymer. Pre-
vious studies have shown that the liquid crystal type morphology, characteristic
of the PMDA/ODA polyimide, is retained in such copolymers. A possible quali-
tative explanation for the enhanced relaxation behavior of the copolymers is the
stress concentrating effect of the rubbery inclusions, which results in an en-
hanced relaxation rate for a given global stress or deformation, since the local re-
laxation rates in the matrix is strongly stress dependent [2].

Fig 16. Stress versus temperature plots for copolymers 7c (-----), 7d (--) and polyimide
homopolymer (—)
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The development of procedures for the synthesis of dendritic macromolecules by either the
convergent or divergent growth approaches is outlined with emphasis placed on the control-
led manipulation of three-dimensional structure. The utility of these techniques to prepare a
wide variety of different dendritic structures is then discussed in terms of the three distinct
regions associated with these novel macromolecular systems – the central core, the interior
building blocks, and the chain ends. Control of these regions, coupled with changes in the
synthetic approach, gives tailor-made dendritic macromolecules with predetermined physi-
cal properties and/or function. The application of current spectroscopic methods to the struc-
tural elucidation of dendritic macromolecules is then detailed along with an examination of
the influence of dendritic structure on the physical properties of these novel materials. Finally,
a comparison is made with the related class of highly branched polymers, hyperbranched
macromolecules, and the manipulation of structure/function for these materials is exam-
ined.
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1

 

Introduction

 

The construction of complex, three-dimensional macromolecular architectures
by the assembly of simple building blocks has long been the sole domain of nat-
ural systems. Proteins, enzymes, DNA, etc. are the prime examples of precisely
controlled biological macromolecules with their three-dimensional shape being
a result of internal branching and non-covalent binding. For enzymes, this three-
dimensional structure results in unique active sites, or microenvironments, with-
in the macromolecule that gives rise to extraordinary catalytic ability and is the
basis of biological systems. While current synthetic techniques do not allow the
preparation of synthetic macromolecules with the same degree of control as
found in nature, chemists have achieved a remarkable degree of success in con-
trolling the structure of small molecules. Building on these concepts and meth-
odologies, the construction of a new class of three-dimensional macromolecules,
called dendrimers, from simple building blocks has recently attracted considera-
ble attention [1]. While the sophistication is not comparable to natural systems
the degree of control over macromolecular structure is significantly greater than
for other polymeric systems. This ability to control placement of functional
groups and to construct unique microenvironments has stimulated research into
such diverse applications such as drug delivery, diagnostic tools, rheology con-
trol, nanofabrication, and molecular electronics. The purpose of this review is to
detail the methods available for structural and architectural control during the
synthesis of dendritic macromolecules. Using these methods it is now possible to
engineer specifically dendrimers to give tailor-made nanoscopic macromole-
cules with predetermined properties and applications.

 

2

 

Synthesis of Dendritic Macromolecules

 

The term “dendrimer” was originally coined by Tomalia et al. [2] to describe a
family of regularly branched poly(amidoamines) in which all bonds converge to
a single point, each repeat unit contains a branch junction, and a large number
of identical functional groups are present at the chain ends. The graphical rep-
resentation of a dendrimer,

 

 1

 

, is shown in Scheme 1 and while it is a two- rather
than three-dimensional representation it conveys the essential notion that a
dendrimer is a highly symmetrical, layered macromolecule which consists of
three well defined regions. A central core, or focal point, is connected to a
number of layers, or generations of internal building blocks, which are in turn
connected to numerous chain ends. The branching geometry of the internal
building blocks, coupled with steric considerations, does not allow a dendrimer
to assume a flat structure as shown in Scheme 1. Instead the dendrimer fills
space and adopts a globular shape that may approximate a sphere in a fully ex-
tended configuration, though this conformation may be energetically unfavora-
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ble. It is this highly symmetrical structure which forms the basis for the devel-
opment of two distinct synthetic strategies for the preparation of dendrimers.

 

2.1
Divergent Growth Approach

 

The pioneering synthetic strategy, developed independently by Tomalia et al. [2]
for Starburst dendrimers and Newkome et al.[3] for Cascade molecules, is now
recognized as the divergent growth approach. The basis for these methodologies
can be traced back to work by Vogtle et al. in 1978 who attempted the prepara-
tion of an oligiomeric nitrile-terminated branched polyamine by a series of
Michael additions and subsequent reduction steps [4]. This stepwise growth
strategy results in an increase in the number of terminal groups and branching
units in the structure, although due to the small size and uncontrolled growth of
these nitrile-terminated oligomeric amines they cannot be considered to be true
dendrimers. Subsequently, Denkewalter et al. applied a similar stepwise repeti-

Scheme 1
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tive strategy to the synthesis of highly branched poly(lysine)s [5]. In this case
growth was continued to the tenth generation, resulting in molecular weights
approaching 500,000 Da. However the physical properties of these materials
were unremarkable and unlike those subsequently found for dendrimers. A pos-
sible explanation for this result is that the unsymmetrical nature of the mono-
mer unit leads to unequal branch segments which disrupts the molecular struc-
ture and results in an extended three-dimensional structure and not the pseudo-
spherical structure commonly associated with dendrimers. For optimal den-
dritic structure and properties it may therefore be necessary to have a symmet-
rical monomer unit and essentially all subsequent syntheses have utilized this
feature.

Following these initial reports it was not until the mid-1980s that a deter-
mined effort to prepare and characterize true dendrimers was undertaken. The
well-known starburst dendrimers of Tomalia were first reported in the literature
in 1985 [2], and almost simultaneously Newkome disclosed the preparation of a
cascade molecule which was termed an arborol [3]. In these early publications
the structures were referred to as arborols, cascade or starburst polymers,
though the commonly accepted terms at the present time for these materials are
dendrimers, or dendritic macromolecules. Although these pioneering efforts
employed different chemistries and synthetic strategies the underlying method-
ology and basic requirements which must be satisfied for the successful prepa-
ration of large dendritic structures are found in both cases. Two primary consid-
erations are that the chemistries used for both generation growth and subse-
quent activation give very high yields with no significant side reactions. The
monomer units selected for construction of the dendritic macromolecules are
also chosen to afford symmetrical branch segments which alleviates any diffi-
culties due to unequal reactivity or asymmetric shape in the growing dendrimer.
These basic principles have subsequently been employed to prepare a wide vari-
ety of dendritic macromolecules by the divergent growth approach.

Perhaps the most well known divergent synthesis of dendritic macromole-
cules is the preparation of poly(amidoamine) (PAMAM or Starburst) dendrim-
ers by Tomalia et al. (Scheme 2) [2]. The basic reaction sequence is similar in
concept to that reported by Vogtle et al. [4]; however the troublesome reduction
step was circumvented by using an exhaustive amidation process with 1,2-di-
aminoethane to regenerate the reactive amino groups at the chain ends. As de-
tailed in Scheme 2, the synthesis starts with a polyfunctional core, in this case
ammonia, and reaction with methyl acrylate results in the formation of the tri-
ester,

 

 2

 

. The second step in this two-step repetitive process is regeneration of the
reactive amino groups at the chain ends and this is accomplished by exhaustive
amidation with a large excess of 1,2-diaminoethane to give the first generation
dendrimer,

 

 3

 

, in which the number of reactive NH groups has doubled from
three for ammonia to six for

 

 3

 

. As dictated by the synthetic blueprint, all of the
reactive NH groups are located at the chain ends of the dendrimer. Repetition of
this two-step process then leads to larger and larger dendritic macromolecules,
the structure of which follows a strict geometrical progression. For example, the
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PAMAM synthesis shown in Scheme 2 utilizes a core moiety and a repeat unit
having multiplicities of three and two respectively. Therefore the number of ter-
minal functional groups doubles at each growth step and is related to the gener-
ation number by the relationship 3

 

´

 

2

 

n

 

, where n is the generation number. Ex-
amination of the fourth generation dendrimer,

 

 4

 

 (shown schematically), reveals
that it has 3

 

´

 

2

 

4

 

, or 48 reactive NH end groups while the tenth generation den-
drimer has 3072 (3

 

´

 

2

 

10

 

) reactive NH end groups. The extremely large number
of chain ends groups presents a unique set of opportunities for dendritic mac-
romolecules. As detailed below, functionalization of these chain ends groups can
be used to control accurately a variety of physical and chemical properties for
dendritic macromolecules. While there were a number of difficulties to over-
come in the synthesis of PAMAM-based dendritic macromolecules by the diver-
gent growth approach, careful control of the experimental conditions and puri-
fication procedures has allowed Tomalia and co-workers to produce PAMAM
dendrimers on a kilogram scale and these materials are now commercially avail-
able from a number of sources [6].

Scheme 2
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Recently another family of dendrimers has become commercially available.
These polyamines were developed by Meijer and de Brabander-van den Berg of
DSM Research and are based on Vogtle’s initial synthesis [7]. In this case the
troublesome reduction step was performed using a Raney cobalt hydrogenation
catalyst and other process improvements have permitted this synthesis to be
continued up to the fifth generation with multikilogram quantities available.

The versatility of dendrimer syntheses can be better appreciated if the classi-
cal PAMAM synthesis is compared to Newkome and coworker’s original “ar-
borol” synthesis of water soluble poly(ether amides) [3]. A divergent strategy
was again employed in construction of these macromolecules and in this case
the central core was chosen to be tris(hydroxymethyl)ethane,

 

 5

 

. A set of compli-
mentary AB

 

3

 

 building blocks were employed in the synthesis which greatly in-
creases not only the speed of the synthesis but also the branching density. As
shown in Scheme 3, after only two generations, the number of hydroxy chain

Scheme 3
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ends for

 

 6

 

 is 27 (3

 

´

 

3

 

2

 

) compared to 12 (3

 

´

 

2

 

2

 

) for the corresponding PAMAM
dendrimer. This rapid increase in the number of chain ends, coupled with the
compact nature of the repeat units, makes

 

 6

 

 a much more globular structure
when compared to PAMAM dendrimers of comparable molecular weight or
generation number. The greater number of chain ends in

 

 6

 

 also affords extreme
water solubility, which is a desirable feature for a number of applications.

 

2.2
Convergent Growth Approach

 

While the divergent growth approach has proved to be highly successful for the
preparation of a wide variety of dendritic structures it does have a number of
limitations for the preparation of complex globular macromolecules where ac-
curate placement of functionalities at the chain ends, internal building blocks,
or central core is desired. The ever increasing number of reactions required to
fully functionalize the chain ends during growth of dendrimers by the divergent
growth approach also leads to difficulties in maintaining “perfect” growth
and/or in removing the large excesses of reagent needed to force these reactions
to completion.

To overcome these and other difficulties, an alternative synthetic strategy for
the construction of dendritic macromolecules, termed the convergent growth
approach, was first demonstrated by Fréchet et al. in 1989 [8]. A different, if con-
ceptually similar, convergent synthesis of smaller dendrimers was outlined by
Miller and Neenan in 1990 [9]. From a retrosynthetic viewpoint, the convergent
growth approach is essentially the opposite of the divergent growth strategy, in
this case growth begins at the periphery of the dendrimer and proceeds inwards
with the final reaction being attachment to a polyfunctional core. This approach
relies on the fractal and highly symmetrical nature of dendrimers and discon-
nection leads eventually to the chain ends as the starting point of the synthesis.
Therefore growth is begun at the chain ends or “surface” functional groups, S,

 

 7

 

,
and coupling with an AB

 

x

 

 monomer,

 

 8

 

, where x is 2 or greater, leads to the next
generation dendritic fragment, or dendron. Activation of the single functional-
ity at the focal point, P, then gives the reactive dendron,

 

 8

 

, which can be coupled
with the monomer to give the second generation dendron,

 

 9

 

. The single func-
tionality, P, at the focal point of

 

 9

 

 can now be reactivated to give the reactive den-
dron,

 

 11

 

. It should be noted that in going from

 

 8

 

 to

 

 9

 

 to

 

 11

 

 the number of chain
ends has doubled at each generation growth step, the molecular weight has es-
sentially doubled, the number of layers of internal building blocks has increased
from 0 to 2, while there is still only a single functionality at the focal point
(Scheme 4). It is this retention of the focal point group that is a characteristic of
the convergent growth approach and is the basis for many of the advantages typ-
ically associated with the convergent growth approach. Repetition of this two-
step process results in larger and larger dendrons and, if desired, the final reac-
tion can be coupling to a polyfunctional core to give a dendritic macromolecule,

 

12

 

, similar to that obtained from a divergent strategy (Scheme 5).
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To demonstrate this new methodology, Hawker and Fréchet have reported the
synthesis of a series of dendritic polyether macromolecules based on 3,5-dihy-
droxybenzyl alcohol,

 

 13

 

, as the monomer unit (Scheme 6) [10]. As detailed
above, the starting material for this convergent synthesis is the surface function-
al group, which in this case, is the benzylic ether,

 

 14

 

, derived from benzyl bro-
mide. Reaction of

 

 14

 

 with carbon tetrabromide and triphenylphosphine regen-
erates the reactive bromomethyl group at the focal point of the first generation
dendron,

 

 15

 

. Alkylation of

 

 15

 

 with the monomer unit under typical Williamson
conditions then leads to the next generation dendron,

 

 16

 

, in which the number
of “surface” groups has doubled but there is still only a single functional group
at the focal point. The choice of the growth steps in this synthesis was crucial to
maintain adequate growth and high dendrimer purity; both the bromination
procedure and Williamson coupling chemistry are high yielding reactions,
which do not suffer from significant side reactions. Repetition of this two-step
bromination/alkylation procedure gives larger monodisperse dendrons such as

 

17

 

 and

 

 18

 

, which are characterized by a single functional group at the focal
point. In a similar fashion to dendrimers constructed by the divergent growth
approach, the structure and functionality of dendritic macromolecules pre-
pared by the convergent growth approach are governed by strict geometrical
progressions. For example, Hawker and Fréchet have carried this synthesis to
the sixth generation dendron which has 64 (2

 

6

 

) “surface” benzyl groups, 127 ar-
omatic rings arranged in 7 discrete layers in the ratio 64:32:16:8:4:2:1, a molecu-
lar formula of C

 

889

 

H

 

763

 

BrO

 

126

 

 and a molecular weight of 13,581 [11]. 
The same coupling chemistry can be used for attachment of these reactive

dendrons to a polyfunctional core. For example, three molecules of a fourth gen-

Scheme 4
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Scheme 5
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eration reactive dendron,

 

 18

 

, can be attached to the trifunctional core, 1,1,1-
tris(4’-hydroxyphenyl)ethane

 

 19

 

, to give the dendrimer,

 

 20

 

, which no longer has
a true focal point group (Scheme 7). Coupling of

 

 19

 

 with the corresponding den-
drons with generation numbers ranging from 0 to 6 was also accomplished using
this methodology to give a complete series of monodisperse dendrimers with
molecular weights ranging from 576 to 40,689. Interestingly, steric inhibition to
reaction was not observed in any of these syntheses and only a slight decrease in
yield was observed for generation five dendrons and greater. This is surprising
given the steric bulk surrounding the single functional group at the focal point
and demonstrates that the convergent growth approach is a viable synthetic
technique for the synthesis of moderately sized dendritic macromolecules. The
degree of control associated with the convergent growth approach can also be
gauged by the diverse range of molecules that have been used as cores for attach-
ment of polyether dendrimers such as

 

 18

 

. Buckminsterfullerene (C

 

60

 

) [12], por-
phyrins [13], or even large phenol-terminated dendrimers [14], also known as
“hypercores’, have proved to be interesting core moieties and the importance of
such molecules will be discussed in a latter section.

Scheme 6
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Scheme 7
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2.3
Comparison of the Divergent and Convergent Approaches

 

While both the divergent and convergent growth approaches can lead to the
same dendritic structures and involve a repetitive, stepwise growth strategy,
there are some fundamental advantages and disadvantages associated with each
approach. This results in an almost complimentary relationship between the two
synthetic strategies with neither having a distinct advantage over the other. Only
when planning the synthesis of a specific dendrimer does the chemistry and
functionality involved dictate whether one approach may be more viable than
the other.

For the synthesis of moderately sized dendrimers with a very regular struc-
ture or accurate placement of functional groups, the convergent growth ap-
proach allows a significantly greater degree of control. This increase is due to the
unique synthetic blueprint of the convergent strategy, which involves only a lim-
ited number of steps for each generation growth, typically two, and the activa-
tion of a single functional group at the focal point group. Therefore the possibil-
ity of unwanted side reactions is severely reduced and the problems due to in-
complete reaction leading to failure sequences minimized. For example, incom-
plete alkylation of the monomer unit,

 

 13

 

, with the third generation dendron,

 

 17

 

,
would lead to a mixture of the desired dialkylated fourth generation macromol-
ecule,

 

 21

 

, and the monoalkylated side product,

 

 22

 

 (Scheme 8). Due to the dra-
matic difference in size between

 

 21

 

 and

 

 22

 

 and the presence of the polar phenolic
group in

 

 22

 

, purification by simple techniques such as flash chromatography is
readily achievable. Also the limited number of alkylation steps combined with
this facile separation of partially alkylated products allows control over func-
tional groups placement at various points in the dendrimer. This is in direct con-
trast to the divergent growth approach, which requires an ever-increasing
number of both activation and coupling reactions for generation growth. In this
case the possibility of maintaining “perfect” growth becomes increasingly more
difficult as the generation number increases and failure sequences, or incom-
plete reaction, becomes a major factor. The small differences in size and polarity
between “perfect” dendrimers prepared by the divergent growth approach and
those containing failure sequences make separation essentially impossible. The
random nature of the functionalization reactions during generation growth for
divergently grown dendrimers also makes accurate functionalization of the
chain ends extremely difficult.

In contrast the method of choice for the production of very large dendritic
macromolecules (MW>100,000) is the divergent growth approach. This is due to
a number of related factors; steric congestion will retard a convergent strategy at
a much lower molecular weight than a similar divergent approach. The ability to
use large excess of reagents permits the divergent approach to be continued to
higher generation numbers and the mass of material produced during the syn-
thesis increases with generation number. The opposite is true for the convergent
growth approach which cannot accommodate large excesses of reagents in the
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Scheme 8
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growth step while the mass of dendrimer obtained after generation growth is ac-
tually the same or smaller than the mass of starting materials. Therefore the
amount of material actually decreases as the synthesis proceeds making the syn-
thesis of high (ca. tenth) generation dendritic macromolecules difficult.

 

3

 

Characterization of Dendrimers

 

The near monodispersity typically associated with dendrimers prepared by
both the divergent or convergent growth approaches presents a number of inter-
esting characterization traits when compared to traditional narrow polydisper-
sity linear polymers. These features are further enhanced by the high degree of
symmetry normally associated with dendritic macromolecules and permit an
unprecedented amount of structural information to be obtained using standard
characterization techniques.

A number of authors have elegantly elaborated the basic requirements and
techniques for the structural identification of dendritic macromolecules [15].
Size exclusion chromatography (SEC) has been demonstrated to be an extremely
powerful technique for analyzing the purity of dendrimers, particularly those
prepared by the convergent growth approach. For both approaches a doubling
of molecular weight is observed with each generation growth step and this leads
to a gradual shift of the narrow GPC peak to lower elution volume with increas-
ing generation number (Fig. 1). An added benefit in the case of the convergent
growth approach SEC allows accurate monitoring of the generation growth step
due to the limited number of condensation reactions typically required for gen-
eration growth. For the reaction of 3,5-dihydroxybenzyl alcohol with [G-4]-Br,

 

23

 

 (MW=3351), to give the fifth generation alcohol, [G-5]-OH

 

 24

 

 (MW=6 680),
the possible impurities are unreacted starting material,

 

 23

 

, and the
monoalkylated derivative (MW=3410). The dramatic difference in molecular
weights between the desired product and side products permits the purity of in-
termediate dendritic wedges to be accurately determined. It should be pointed
out that SEC traces for dendrimers are typically narrower than those for narrow
polydispersity standards and while the most carefully purified dendrimer can
give polydispersities of 1.01–1.02 by SEC, more sensitive techniques have actu-
ally shown them to be monodisperse. It must therefore be recognized that den-
drimers can, and often do, exceed the resolution capability of size exclusion
chromatography.

A recently developed technique that has found extensive use in the character-
ization of dendrimers, specifically in determining the purity and monodispersi-
ty of these novel materials, has been matrix-assisted laser desorption/ionization
(MALDI) mass spectrometry [16, 17]. For dendrimers grown by the divergent
strategy, incomplete functionalization of the periphery can lead to subsequent
failure sequences and loss of strict dendritic growth. Observation and quantifi-
cation of these defects is extremely difficult by other techniques, however MAL-
DI mass spectrometry has been successfully employed by a variety of authors to
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answer this question. An illustration of the power of MALDI mass spectrometry
in elucidating the purity of dendritic macromolecules is shown in Fig. 2 where a
convergently grown polyether dendrimer, [G-6]-OH, is compared with a narrow
polydispersity poly(ethylene glycol) sample. It can be seen that the dendrimer is
essentially a single peak at a molecular weight which corresponds to that expect-
ed from the synthetic strategy. In contrast the narrow polydispersity linear pol-
ymer is composed of an extremely large number of peaks, each representing a
different number of repeat units. The combination of SEC and MALDI mass
spectrometry permits the purity and to a certain extent the structure of dendrit-
ic macromolecules to be accurately determined.

The highly ordered and symmetrical nature of dendrimers permits small and
subtle changes in the focal point group, terminal group, and interior building
blocks to be readily observed by 
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C NMR spectroscopy. The power of
this characterization tool can be better appreciated by the fact that, for select
dendritic macromolecules, NMR spectroscopy allows the identification of every
unique proton or carbon atom in the structure. For example, the third genera-
tion polyether dendrimer, [G-3]-Br
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, is composed of an outer layer of benzyl
ether groups connected to three layers of interior (3,5-dioxybenzyl) building
blocks and a final bromomethyl focal point group. Examination of the 

 

1

 

H NMR

Fig. 1. Overlay of GPC traces for dendritic fragments, [G-0]-Br to [G-6]-Br, based on 3,5-di-
hydroxybenzyl alcohol as repeat unit
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Fig. 2a,b. Comparison of MALDI mass spectra for [G-6]-OH and a narrow molecular weight
distribution poly(ethylene glycol), PD=1.05
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spectrum of

 

 17

 

 shows a set of resonances between 7.50 and 7.25 ppm corre-
sponding to the aromatic protons of the terminal benzyl groups; a collection of
doublets and triplets between 6.45 and 6.70 ppm are due to the aromatic protons
of the three layer of interior building blocks. In fact, expansion of these reso-
nances reveals three doublets in the ratio 1:2:4, which correspond to each gener-
ation level. Resonances for the benzylic methylene protons are observed at ca.
5.00 ppm and again fine detail is present which correlates with the three differ-
ent groups of alkyloxymethylene protons. Perhaps the most important reso-
nance in the spectrum is the focal point bromomethyl group at 4.30 ppm (Fig. 3).
The sharp and well defined nature of this peak permits its observation even at
generation six (MW=13,542) which corresponds to observing 2 protons out of a
total of 763. This ability to observe easily the focal point group permits the subtle
changes in this group to be readily detected during a typical convergent growth
approach. For example, reaction of

 

 17 with 3,5-dihydroxybenzyl alcohol gives
the fourth generation derivative, 18, which results in a change from a bromome-
thyl group at the focal point to a hydroxymethyl group. This change can be read-
ily followed by 1H NMR spectroscopy since the resonance for the bromomethyl
group at 4.30 ppm is observed to disappear completely and is replaced by a dou-
blet at 4.65 ppm corresponding to the hydroxymethyl group. Therefore 1H NMR
spectroscopy can also be used to help establish the purity of dendritic macro-
molecules, as well as to provide an extremely large amount of structural infor-
mation. Changes in the synthetic strategy, for example introduction of a p-cyano
group at the chain ends of the above polyether dendrimers, can also be readily
observed by 1H NMR; in this case the set of peaks at 7.25–7.50 ppm is replaced
by an AB quartet at 7.80 and 7.20 ppm [18]. In a similar way, exchange of one or
more polyether layers by a polyester layer based on 3,5-dihydroxybenzoic acid is
also easily observed in the 1H NMR spectrum [19]. Complimentary information
can also be obtained from examination of the 13C NMR spectra.

The combination of the above techniques with TLC, HPLC, UV-vis spectros-
copy, and other emerging spectroscopic tools demonstrates that the ability to
construct a wide variety of different dendritic structures is matched by the abil-
ity to determine accurately and confirm those structures. This permits the pur-
poseful design and preparation of tailor-made dendrimers with a degree of
structural confidence that is unparalleled in synthetic polymer chemistry.

4
Structural Control

Unlike traditional linear polymers, dendritic macromolecules can be conveniently
divided into three distinct regions, a central core or focal point group, the interior
building blocks, and the chain ends. Each of these regions can be accurately con-
trolled and manipulated to different degrees using either the convergent or diver-
gent approach. It is this feature which makes the engineering of dendritic macro-
molecules with specific physical properties a reality and dramatically illustrates
the potential and versatility of these novel three-dimensional materials.
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4.1
Interior Building Blocks

The interior building blocks are essentially the monomer, or repeat units, of the
dendrimer and, as such, comprise a significant proportion of the dendritic
structure. Therefore the choice of interior building blocks has a dramatic influ-
ence on the physical properties and overall structure of the dendrimer. A wide
range of building blocks have been employed in the construction of dendritic
macromolecules and their choice is governed only by their compatibility with
existing functionality and the ability to form linkages in high yields. The early
examples of dendrimers published by Tomalia et al. [2] and Newkome et al. [3]
focused on linking alkyl units together via amide bonds; subsequently a flurry
of activity has seen this selection increased dramatically to include aryl and
aliphatic poly(esters) [20–22], poly(phenylenes) [23], poly(arylethers) [8, 10],
poly(siloxanes) [24, 25], poly(ethers) [26], poly(arylacetylenics) [27], po-
ly(amines) [28, 29], poly(arylamines) [30], poly(phosphonium salts) [31], po-
ly(crown ethers) [32, 33], poly(carbosilanes) [34], polypyridines [35], etc. Sev-
eral workers have also introduced chirality into dendritic structures, either at
the chain ends [36], core [37], or interior building blocks. Examples of the latter
included McGrath and colleagues” use of chiral, non-racemic synthetic mono-
mers [38] and Sharpless and coworkers” use of asymmetric dihydroxylation to
give chiral dendrimers based on 1,2-diols [39]. While this is not an exclusive list
it does indicate that the divergent and convergent approaches are applicable to
the synthesis of dendrimers based on essentially any sub-unit desired [40].

The effect of the dendritic structure on physical properties of dendrimers can
be best appreciated when linear polymers, based on a specific repeat unit, are
compared with the corresponding dendrimer based on the same repeat unit. Po-
tentially the most dramatic examples of this are the poly(phenylenes) which
have been reported by Miller et al. [9, 23]. In this case, the dendritic poly(phen-
ylenes) have exceptional solubility despite the absence of aliphatic or heter-
oatom linkages. Their preparation utilizes 3,5-dibromo-1-(trimethylsilyl)ben-
zene, 25, as the monomer unit with generation growth involving palladium-cat-
alyzed Suzuki coupling followed by conversion of the trimethylsilyl group at the
focal point to the corresponding boronic acid. In the final step of the synthesis
the reactive dendrons are coupled with 1,3,5-tribromobenzene to give a sym-
metrical, fully aromatic dendritic poly(phenylene) such as 26 (Scheme 9). Sig-
nificantly, the largest member of this series has a molecular weight of 3510, 46
aromatic rings, is stable to 500 ˚C, and is freely soluble in toluene. This is in di-
rect contrast to linear poly(phenylene) which is essentially insoluble at molecu-
lar weights of less than 700. Since these materials are comprised of the same re-
peat units this significantly enhanced (ca. 105) solubility can only be attributed
to the branched dendritic architecture.

The versatility in the construction of dendritic macromolecules, and the
unique advantages offered by a controlled step-wise approach, are perhaps best
illustrated by the “all hydrocarbon” family of arylacetylenic dendrimers devel-
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Scheme 9
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oped by Moore and Xu [41]. The synthetic blueprint utilizes a convergent strat-
egy based on 3,5-dibromo-1-(2-trimethylsilyl)ethenylbenzene, 27, as a basic
building block with the two-step repetitive procedure involving a palladium-cat-
alyzed cross-coupling reaction between an aryl bromide or iodide and a termi-
nal alkene followed by deprotection of a trimethylsilyl protected terminal alkyne
(Scheme 10). In this case the rigidity of the building blocks leads to a substantial
steric retardation to growth and dendrimers larger than the third generation
could not be prepared using the above building blocks. To overcome these prob-
lems the monomer unit was progressively enlarged with rigid spacer units (e.g.,
28 and 29) and these units were incorporated at higher generations when steric
retardation became apparent (Fig. 4). Solubilizing t-butyl groups were also in-
cluded in the terminal units to aid solubility of the larger dendrimers. This dra-
matic example illustrates how the nature of both the “surface” groups and inter-

Scheme 10
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nal building blocks can be manipulated in order to facilitate the synthesis of
complex dendritic macromolecules.

Moore has further elaborated on this concept for the synthesis of novel lumi-
nescent dendrimers in which the outermost layer of phenylacetylene linkages is
replaced by the corresponding triarylamino group [42]. The solubility of the
dendrimer, 30, can still be controlled by the introduction of t-butyl groups at the
chain ends, although the presence of triarylamino repeat units significantly al-
ters the electronic character of the dendrimer (Fig. 5). The structure of 30 is a
perfect example of the modular design possible in dendritic macromolecules,
the chain ends lend solubility, and the trisarylamino groups act as efficient hole
transport and recombination centers which direct energy, via the phenylacety-
lene segments, to a luminescent chromophore at the central core.

The choice of interior building blocks for the construction of dendritic mac-
romolecules has not been limited to those based on “organic” units, or even cov-
alent bonds. A number of groups have reported the synthesis of dendrimers con-
taining silicon [43] and phosphorus [44]although however the more intriguing
use of organometallic building blocks has involved the use of transition metal
centers. This greatly expands the possible uses of dendrimers and opens up the
development of novel transition metal-based dendritic catalysts. A range of

Fig. 4. Extended monomers, 27 and 28, used in construction of dendritic poly(arylacetylenics)
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transition metal-containing dendrimers have been prepared and the nature of
the bonding in these systems range from “ferrocene-like” sandwich complexes
[45, 46], to metal-carbon sigma-bonds [47, 48], and coordination complexes
[49]. A prime example of the latter is shown in Fig. 6 where an internal layer of

Fig. 5. Chromophore labeled dendritic poly(arylacetylenic), 30, for LED applications
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building blocks comprises ruthenium terpyridyl units, 31. Therefore the “organ-
ic” inner building blocks of the dendrimer are connected to the outermost
branching layer, which contains 36 terminal groups, by 12 ruthenium co-ordina-
tion complexes. As a result of the design of this macromolecule the interior ru-
thenium atoms are surrounded by a “surface’, the nature of which can be
changed by changing the terminal group. This permits the solubility and glass
transition temperature of dendrimers based on 31 to be varied according to the
potential application [50].

It is also possible to construct dendritic macromolecules based entirely on co-
ordination chemistry. Unlike the above example where only a single layer of in-
terior building blocks relied on co-ordination chemistry, Balzani et al. have em-

Fig. 6. Use of ruthenium-containing building blocks for dendrimer construction, 31
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ployed co-ordination complexes at every stage of the dendritic process and these
organometallic macromolecules are the first examples of dendrimers where the
core unit and all of the building blocks rely on non-covalent bonding for their
branching [51]. The success of the synthetic strategy relies on the use of a prede-
termined combination of traditional bidentate ligands with multifunctional tet-
radentate ligands, which are capable of forming complexes with two metal cent-
ers. This permits the construction of dendritic macromolecules in which a cen-
tral hexaco-ordinate ruthenium atom is connected to 2 branching layers of 3 and
6 ruthenium centers respectively and finally to a surface layer comprised of 12
ruthenium complexes. The structure therefore contains 22 metals atoms and the
nature of the metal atom can be varied by replacing the ruthenium atoms at var-
ious stages with, for example, osmium centers to give a multi-transition metal
dendrimer with precise arrangement of different transition metals. Such den-
drimers have been postulated as harvesting molecules for solar energy and, in
an important step towards achieving this goal, Balzani has shown that excitation
of the ruthenium centers by light results in an extremely efficient energy transfer
to the osmium centers [52, 53].

4.2
Central Core or Focal Point Group

As the name implies, the core unit, or focal point group, is located at the center
of the dendritic macromolecule and, as such, constitutes only a small proportion
of the overall dendrimer structure. However the role of functional groups at the
central core can have a profound effect on a number of physical properties and
be extremely useful in investigating the structure of dendrimers. The central
role played by the focal point group in the success of the convergent growth ap-
proach has also been well documented in the above discussions.

As has been demonstrated by numerous authors, a variety of different func-
tionalities can be introduced at the focal point of dendritic macromolecules. For
the polyether dendrimers, such as 20, at least 20 different focal point groups have
been introduced and a number of these have been built into the structure for a
specific purpose [54]. For example, a series of polyether dendrimers, such as 32,
containing a single unique solvatochromic probe, N-methyl-p-nitroaniline, at
the focal point group have been prepared and studied to gain insight into the
unique nanoenvironment at the “center” of dendritic macromolecules [55]
(Scheme 11). The absorption maximum of the solvatochromic probe was ob-
served to increase with the molecular weight of the dendrimer in low polarity
solvents (Fig. 7). This unusual behavior is a consequence of the more effective
shielding of the solvatochromic probe by the surrounding dendrimer as the gen-
eration number increases. A more significant observation was that a plot of ab-
sorption maximum vs generation number displays a marked discontinuity be-
tween generation three and four which has been correlated with a shape transi-
tion from an extended to a more globular shape as the steric requirements of the
dendrimer increases. Additional evidence for this shape transition in dendritic
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macromolecules has been obtained from examination of intrinsic viscosity be-
havior for convergent polyether dendrimers [56], molecular modeling experi-
ments of Goddard et al. [57], and photoinduced electron-transfer measurements
on PAMAM dendrimers by Turro et al. [58] and Godipas et al. [59]

This ability of dendritic macromolecules to provide a unique nanoenviron-
ment for functional groups at the central core, or focal point, coupled with the
ability to introduce a wide variety of functional groups has been exploited by
Aida et al. [60]. In an elegant series of experiments a series of dendritic macro-
molecules containing a central porphyrin core has been prepared and the fluo-
rescence behavior of these systems with quenchers of different steric sizes stud-
ied. In both organic and aqueous systems, it was found that low generation den-
drimers (e.g., [G-1]) displayed no selectivity to the nature of the quencher. In
sharp contrast, higher generation dendrimers such as the third generation water
soluble derivative, 33, showed significant different quenching behavior depend-
ing on the size and charge of the quencher (Fig. 8). In effect the surrounding
dendrimer acts as a size and charge selective barrier leading to selective isola-
tion of the porphyrin core. The analogy of this behavior with many biological
systems is intriguing and has recently been probed by Aida et al. [61–63]. In at-
tempting to mimic the behavior of haemoproteins, a series of dendrimers con-
taining an iron(II) porphyrin 1-methylimidazole core was prepared and the ox-

Scheme 11
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ygen and carbon monoxide binding properties examined. Surprisingly the sta-
bility of the dioxygen species to dimerization and water promoted oxidation in-
creased significantly on increasing the size of the surrounding dendrimer. In fact
the fifth generation material displayed a level of stability not previously obtained
for a synthetic mimic. The extraordinary stability of these dioxygen adducts is
again due to the steric and hydrophobic protection of the active site by the sur-
rounding dendrimer. These studies illustrate that dendrimers may have great
potential for future catalytic or energy transfer applications.

The attachment of dendritic fragments to a central core can also be used to
alter dramatically selected physical properties of the core moiety. Two dramatic
examples of this feature are the synthesis of dendrimers which contain either
buckminsterfullerene, C60 [64], or carboranes as the core unit [65]. In the
former, polyether dendrimers, containing a single azide functional group at the
focal point, were heated with C60 to give the dendrimer functionalized azafulle-
roid, 34 (Scheme 12). Unlike the starting C60, which has limited solubility in
most solvents, 34 was observed to have excellent solubility in a wide range of sol-
vents. In fact, the solubility was similar to the starting dendrimer while the elec-
trochemical and optical properties of the fullerene nucleus were maintained.

Fig. 7. Plot of absorption maximum vs generation number for polyether dendrimers labeled
with a focal point solvatochromic group
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Similarly, a series of hydroxy-terminated poly(ether) dendrimers, 35, with a sin-
gle carborane nucleus at their core, were observed to have water solubilities
comparable to that of chloroacetic acid, or D,L-valine. Again this is in direct con-
trast to the starting carborane nucleus which is insoluble in aqueous solutions
and permitted the use of 35 in neutron capture therapy. Similar effects have also
been observed with dendrimers containing calixarenes [66] and porphyrins [67]
as the central units.

The functionality at the central core of the dendritic macromolecule can also be
exploited as a unique reactive site for a variety of purposes. Perhaps the most dra-
matic example is the introduction of self-assembling units at the focal point to give
dendritic fragments, 36, which undergo spontaneous self-assembly to give larger
dendrimers [68] (Fig. 9). In this case the central core of the dendrimer is a self-as-

Fig. 8. Structure of dendritic micelle with a porphyrin core, 33
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sembled hexameric unit which is connected by hydrogen bonds only (Fig. 7). The
synthesis of 36 is an elegant demonstration of the wide range of possible dendritic
structures that can be prepared by the accurate control of the chemistry and func-
tionality of the core unit and illustrates that the discrete construction of very large
three-dimensional macromolecules from simpler units is possible.

It is also possible to introduce polymerizable groups at the focal point of den-
dritic macromolecules and a number of authors have demonstrated the synthe-
sis of novel hybrid dendritic-linear block copolymers by this methodology [69–
73]. Initial experiments in the use of the dendritic macromonomers involved the
preparation of a series of polyether dendrimers, such as the third generation de-
rivative, 37, which contains a single styrene at its focal point [74]. Copolymeri-
zation of 37 with styrene then affords a hybrid block copolymer, 38, in which

Fig. 9. Self assembling dendritic fragment, 36, capable of forming hexameric complex
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globular dendritic polyether blocks are grafted to a linear polystyrene backbone
(Scheme 13). Interestingly, a single glass transition temperature was observed
for 38 and this lack of phase separation in dendritic block copolymers has also
been observed for a variety of other structures. Because the focal point of con-
vergent dendrimers can be constructed with almost any type of functional
group, a wide variety of other hybrid dendritic-linear block copolymers has

Scheme 13
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been prepared based on both addition and condensation chemistry [75–79]. A
number of groups have also introduced initiator groups at the focal point of den-
dritic macromolecules. This permits the construction of a special type of hybrid
dendritic-linear block copolymer in which a single linear chain is connected to
the focal point of the dendrimer. For example, Fréchet and Gitsov have shown
that the potassium alkoxide of a fourth generation alcohol, [G-4]-OH 18, is an
extremely efficient initiator for the ring opening polymerization of caprolactone
and, in contrast to other initiators, gives very high molecular material
(Mn>300,000) with very low polydispersities (PD=1.07) [80]. The incorporation
of initiating groups for “living” free radical polymerizations at the focal point of
dendrimers has recently been accomplished and these dendritic initiators, such
as 39, provide rapid access to a variety of interesting hybrid dendritic-linear
block copolymers (Fig. 10) [81].

4.3
Chain End Groups

Unlike traditional linear polymers that have only two chain end groups, irre-
spective of the degree of polymerization, numerous chain ends characterize
dendritic macromolecules, the number of which increases with increasing gen-
eration number, or degree of polymerization. As was detailed earlier, for an AB2
monomer connected to a trifunctional core unit the number of chain ends is
equal to 3´2g where g is the generation number. Alternatively, the number of
chain ends is equal to the degree of polymerization+1 for convergently grown
dendritic fragments based on AB2 building blocks. In contrast to linear poly-
mers the chain ends of dendritic macromolecules constitute a substantial por-
tion of the molecule and since they may primarily reside at the periphery, or sur-
face, of the dendrimer the chain ends have the greatest opportunity to interact
with the surrounding media. Manipulating the nature of the functional groups
at the chain ends can therefore easily control the physical and chemical proper-
ties of dendritic macromolecules.

In both the divergent and convergent growth approaches it is possible to
change the nature of the chain end functional groups, though the divergent
growth approach allows a wider variety and easier introduction of chain end
functional groups. This is due to the fact that the convergent growth approach
starts at the chain ends and the chain end functional groups are therefore present
throughout the growth process. This dictates that the chain ends must be com-
patible with the chemistries used for growth while also permitting purification of
the intermediate dendrimers. In contrast, the attachment of the chain ends is in-
herently the final step in the preparation of dendritic macromolecules by the di-
vergent growth approach, which overcomes the above problems. This permits the
introduction of reactive functionalities and also allows the easy synthesis of a
wide variety of functionalized dendrimers from the same “base” dendrimer.

The stepwise nature of the convergent growth approach coupled with the lim-
ited number of steps required for generation growth does however permit accu-
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rate control over the number and placement of chain end functional groups.
This degree of control is either not possible or extremely difficult by the diver-
gent growth approach. To demonstrate this strategy for the control of chain end
functional groups the synthesis of two extreme cases have been reported [17,
82]. In the first extreme case, a dendritic macromolecule containing 48 chain
ends in which there is a single unique functional group was prepared. In the al-
ternate example, dendritic macromolecules with 16 chain ends having one type

Fig. 10. Dendritic initiator, 39, for “living” free radical polymerizations
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of functional group and 32 chain ends with a different functionality were pre-
pared. Significantly these functional groups were arranged into discrete blocks
or “surface” areas and due to the branching sequence extensive mixing of these
blocks is not possible.

The strategy used to prepare both extreme cases of chain end functionalized
dendrimers is conceptually the same as the convergent growth approach and
employs one or more stepwise alkylation steps as the cornerstone of the con-
struction process. For example, the synthetic blueprint used for the synthesis of
a “monofunctionalized” dendrimer is shown schematically in Scheme 14. In this
case the stepwise alkylation step is employed at every stage of the convergent
growth approach with the monomer unit, 40, being initially alkylated with a
“non-functionalized” dendritic fragment, 41, followed by alkylation with a “mo-
no-functionalized” dendritic fragment, 42. The presence of a single functional
group at the chain ends of the dendrimer is therefore maintained throughout the
synthesis. The degree of versatility associated with control of chain ends by the
convergent growth approach can be better appreciated when it is consider that
slight variations in where these stepwise alkylation steps are introduced into the
synthetic strategy permits the preparation of dendrimers with 1,2,3, or n func-
tional groups located at the chain ends. A degree of control over their placement
is also possible and an illustration of this can be found in the synthesis of the sec-
ond extreme case, 43. For 43 the stepwise alkylation step is not employed until
the final core attachment reaction where a completely functionalized dendritic
wedge is coupled with the core, and reaction of this purified monoaddition
product with two equivalents of a fully functionalized dendrimer bearing differ-
ent functional groups leads to the desired “surface-block” dendrimer
(Scheme 15) [17].

This ability to control the placement of functional groups at the periphery of
dendrimers has been utilized in the construction of two unique macromole-
cules, which may have technological relevance. In one case a polyether dendrim-
er, 44, was prepared in which one half of the surface was functionalized with
electron-withdrawing groups while the other half was functionalized with elec-
tron-donating groups. This partitioning of the surface was found to result in a
considerable increase in the dipole moment of 44 when compared with similar
dendrimers where no partitioning of the chain end groups was present [83].
Conceptually such dendrimers may find a use in the design of high speed switch-
es or novel display devices. A similar partitioning approach has been utilized in
the preparation of amphiphilic dendrimers, 45, in which one hemisphere has
terminal carboxylate groups while the other is functionalized with hydrophobic
benzyl ether groups (Fig. 11) [84]. These materials were found to have high ac-
tivity at interfaces and could be used to prepare novel membranes or ion trans-
port agents.

One immediate effect of being able to construct dendritic macromolecules
with a wide variety of different chain ends is that the solubility characteristics of
the dendrimer can be finely tuned. For example, polyether dendrimers based on
3,5-dihydroxybenzyl alcohol as the repeat unit can be prepared with dodecyl
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chain ends which leads to solubility of the dendrimer in very non-polar solvents
such as cyclohexane [85]. Conversely, the same dendrimer can be prepared with
carboxylate end groups, 46, which leads to solubility in only very polar solvents
such as water. Significantly, the above two dendritic macromolecules have exact-
ly the same internal structure, although their solubility is dramatically different
and can be manipulated to encompass the whole solvent spectrum by changing
the nature of the chain ends.

Scheme 14
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Scheme 15
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The structure and properties of water soluble dendrimers, such as 46, is, in it-
self, a very promising area of research due to their similarity with natural micel-
lar systems. As can be seen from the two-dimensional representation of 46 the
structure contains a hydrophobic inner core surrounded by a hydrophilic layer
of carboxylate groups (Fig. 12). However these dendritic micelles differ from
traditional micelles in that they are static, covalently bound structures instead of
dynamic associations of individual molecules. A number of studies have exploit-
ed this unique feature of dendritic micelles in the design of novel recyclable sol-
ubilization and extraction systems that may find great application in the recov-
ery of organic materials from aqueous solutions [84, 86–88]. These studies have
also shown that dendritic micelles can solubilize hydrophobic molecules in
aqueous solution to the same, if not greater, extent than traditional SDS micelles.
The advantages of these dendritic micelles are that they do not suffer from a crit-
ical micelle concentration and therefore display solvation ability at nanomolar

Fig. 11. Amphiphilic dendrimer, 45
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concentration levels. It is also possible to construct dendritic micelles with spe-
cific binding sites in the hydrophobic interior, which permits selective solubili-
zation and extraction. In an elegant series of experiments, Newkome et al. have
also demonstrated that the molecular size of dendritic micelles is very sensitive
to the degree of ionization of the terminal carboxylate groups [89]. A series of
2D-NMR (DOSY) experiments revealed that the radius of a dendritic micelle un-
derwent a marked change with pH, with the hydrodynamic radius being the
largest at neutral and smallest at low pH which correlates with protonation of the
carboxylate end groups. Water soluble dendrimers having saccharide binding
aminoboronic acid groups at the chain ends have also been prepared by Shinkai
et al. [90] while lysine dendrimers containing numerous carborane units at the
chain ends have been prepared as protein labels in electron microscopy [91].

The nature of the chain end groups have also been shown to have a dramatic
effect on the glass transition temperature of dendritic macromolecules. A varie-
ty of workers have investigated this question by the preparation of chain end

Fig. 12. Dendritic micelle, 46



Dendritic and Hyperbranched Macromolecules – Precisely Controlled Macromolecular ... 151

functionalized dendritic macromolecules which have the same core unit and in-
terior building blocks but differ in their chain end groups [92, 93]. From these
results it was conclusively shown that the glass transition temperature of den-
dritic macromolecules can be manipulated by changing the chain end groups.
For example, the glass transition temperature of a dendritic polyester based on
3,5-dihydroxybenzoic acid varies from 346 K to 474 K on going from benzyl
ether chain ends to phenolic chain ends (Fig. 13) [94]. This dramatic increase of
approximately 130 °C can only be attributed to changes in the chain end func-
tional groups.

The specific construction of dendrimers with highly specialized surface
groups for biological or redox activity has also been demonstrated using other-
wise inactive dendritic macromolecules as building blocks. Roy et al. have intro-
duced biological activity to PAMAM dendrimers by the introduction of sialinic
acid units at the chain ends to give materials which show strong activity to the
influenza A virus [95]. Similarly, a variety of redox active groups have been in-
troduced at the chain ends of dendrimers. Starting from the basic PAMAM den-
dritic framework, Miller et al. have functionalized the terminal groups with
perylene diimide electronophores with the result that the dendrimer is now elec-
troactive and shows two reversible one-electron reductions per surface group
[96]. Bryce et al. have also decorated otherwise inactive dendritic poly(arylest-
ers) with tetrathiafulvalene units to give a series of dendrimers which exhibited
multiple electron reversible oxidations and become conducting organic metals
when complexed with 7,7,8,8-tetracyano-p-quinomethane [97].

Fig. 13. Comparison of DSC traces for polyester dendrimers with phenolic and benzyloxy
chain ends
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Perhaps the most viable short-term use for dendritic macromolecules lies in
their use as novel catalytic systems since it offers the possibility to combine the
activity of small molecule catalysts with the isolation benefits of crosslinked pol-
ymeric systems. These potential advantages are intimately connected with the
ability to control the number and nature of the surface functional groups. Unlike
linear or crosslinked polymers where catalytic sites may be buried within the
random coil structure, all the catalytic sites can be precisely located at the chain
ends, or periphery, of the dendrimer. This maximizes the activity of each indi-
vidual catalytic site and leads to activities approaching small molecule systems.
However the well defined and monodisperse size of dendrimers permits their
easy separation by ultrafiltration and leads to the recovery of catalyst-free prod-
ucts. The first examples of such dendrimer catalysts have recently been reported

Fig. 14. Dendritic dodeca-nickel catalyst, 47, for Kharasch reaction
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and involve the synthesis of a dodecanickel (II) species, 47, in which the active
arylnickel (II) complexes are covalently bound to the chain ends of a silane den-
drimer (Fig. 14). Significantly, the dendrimer, 47, displayed a catalytic ability
comparable to that of the analogous non-dendrimer-bound small molecule for
the regiospecific Kharasch addition of polyhaloalkanes to carbon-carbon dou-
ble bonds [47].

5
Hyperbranched Macromolecules

As their name implies, hyperbranched macromolecules constitute a second class
of highly branched globular synthetic macromolecules, which are closely related
to dendrimers. Like dendrimers they have only been studied in detail recently
(1989), though the concepts and principles underlying the preparation of hyper-
branched macromolecules were first discussed by Flory more than 40 years ago
[98]. Interestingly, hyperbranched and dendritic macromolecules share a
number of common features. Both sets of macromolecules are prepared from
ABx monomers which results in a highly branched structure with an extremely
large number of chain end functional groups. However the overall structure and
method of construction for these novel materials differ substantially; hyper-
branched macromolecules are prepared in a one-step synthetic strategy instead
of the step-wise procedures used for dendritic macromolecules. This results in
significant differences in structure and in some cases properties between hyper-
branched and dendritic macromolecules.

The one-step procedure used for the preparation of hyperbranched macro-
molecule results in uncontrolled growth leading to a complex highly branched
product, which contains both linear and dendritic sections. As shown in
Scheme 16, polymerization of an AB2 monomer, 48, leads to a hyperbranched
macromolecule, 49, which may initially seem to have a complex structure. How-
ever further examination of 49 reveals only three different types of repeat units;
a dendritic unit, 50, in which both of the reactive B functionalities have formed
polymeric linkages; a linear unit, 51, in which only one of the two B functional-
ities have formed polymeric linkages; and a terminal unit, 52, for which neither
of the B functionalities have reacted. It is the presence of these linear units, or
failure sequences, which leads to a non-ideal structure, which is intermediate
between those of “perfect” dendrimers and linear macromolecules. To describe
these hyperbranched macromolecules in more detail, a number of authors [87,
99] have developed the concept of degree of branching (DB) which is defined as 
(DB)=(no. of dendritic units+no. of terminal units)/((total no. of units) and
since the number of dendritic units is essentially equal to the number of termi-
nal units the relationship can be rewritten as (DB)=(2´no. of dendritic
unit)/(2´no. of dendritic units+no. of terminal units).

Two different procedures have been developed for determining the relative
percentage of the different sub-units in hyperbranched macromolecules. The
most widespread method involves the identification of unique resonances for
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the different sub-units by 1H, 13C, or 19F NMR spectroscopy with the aid of mod-
el compounds [99–102]. For those systems where the NMR method is not appli-
cable, an alternate methodology based on a functionalization/degradation pro-
cedure has been successfully employed [103]. One of the most widely studied hy-
perbranched systems is the phenol-terminated hyperbranched aromatic polyes-
ter, 53, which is obtained from polymerization of 3,5-bis(trimethyloxysilyl)ben-
zoyl chloride, 54 (Scheme 17) [104]. Analysis of the 1H and 13C NMR spectra of
53 and comparison with model compounds allows the relative percentage of the
terminal, dendritic, and linear units to be determined. From this analysis a de-
gree of branching of ca. 60% was calculated which correlates with a branch at ap-
proximately every second repeat unit. While this is not as highly branched as a
dendritic macromolecule, 54 is still a very highly branched structure and would
be expected to adopt a globular structure. The degree of branching has been de-
termined for a number of other hyperbranched structures and values obtained
for a DB range of 15–85% with typical values being in the 50–70% range [105,
106].

A wide range of other monomer units have been employed in the synthesis of
hyperbranched macromolecules and the range of structures obtained is nearly
as diverse as those for dendritic macromolecules. For example, hyperbranched
polyphenylenes [93], polyesters [104, 107–109], polyethers [110–112], polya-
mides [113], polysilanes [114], polyetherketones [100], polycarbazoles [115],
etc. [116–118] have been prepared. Interestingly, a number of groups have also
used growth processes other than condensation chemistry to prepare hyper-

Scheme 16
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branched macromolecules. Suzuki has reported an elegant application of ring-
opening chemistry to the synthesis of hyperbranched polyamines with low poly-
dispersities (<1.3) and controlled molecular weights [119]. A novel self condens-
ing monomer approach, based on the cationic polymerization of chloromethyl-
styrene derivatives, has been developed by Fréchet et al. [120]. Meanwhile,
Hawker has used a similar approach coupled with “living” free radical chemistry
to prepare hyperbranched and branched polystyrene derivatives [121]. In this
case a pseudo AB2 monomer, 55, is employed which contains both a polymeriz-
able double bond as well as an initiating group. Polymerization of 55 under typ-
ical “living” free radical conditions leads to the hyperbranched polystyrene de-
rivative, 56 (Scheme 18). It should be noted that the preparation of similar den-
dritic structures would be extremely complicated due to the requirements for
controlled step-wise growth.

Scheme 17
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A fascinating use of transition metal chemistry has also been employed by Re-
inhoudt et al. in the preparation of hyperbranched organopalladium species. In
this case the monomer units, 57, are stabilized by chelated acetonitrile molecules
at each of the two palladium centers. On gentle heating the acetonitrile mole-
cules are lost and the single benzyl cyano group at the focal point of the mono-
mer unit (Scheme 19) fills the co-ordination sphere of the palladium atoms. This
results in a hyperbranched structure, 58, which is essentially formed by self as-
sembly and leads to large organopalladium spheres with diameters of approxi-
mately 200 nm. Significantly the self assembly of 57 was shown to be completely
reversible and addition of acetonitrile to 58 results in isolation of monomer units
only [122].

The use of ABx monomers for the preparation of both hyperbranched and
dendritic macromolecules leads to the presence of an extremely large number of
chain end functional groups for both systems. In analogy with dendrimers, the

Scheme 18
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physical properties of hyperbranched macromolecules can also be manipulated
by controlling the nature of the chain ends. For example, Kim has demonstrated
that hyperbranched polyphenylene derivatives not only have increased solubili-
ty when compared with their linear analogs but this solubility can be controlled
by changing the chain end groups [93]. In fact a carboxylate terminated
polyphenylene has been shown to act as a unimolecular micelle leading to solu-
bilization of hydrophobic guests in a similar manner to dendritic micelles [87].
Similarly the glass transition temperature of hyperbranched macromolecules
has been shown by a number of authors to be dependent on the nature of the
chain end functional groups, again in a manner reminiscent of dendrimers [123,
124].

While it can be expected that a number of physical properties of hyper-
branched and dendritic macromolecules will be similar, it should not be as-
sumed that all properties found for dendrimers will apply to hyperbranched
macromolecules. This difference has clearly been observed in a number of dif-
ferent areas. As would be expected for a material intermediate between den-
drimers and linear polymers, the reactivity of the chain ends is lower for hyper-
branched macromolecules than for dendrimers [125]. Dendritic macromole-
cules would therefore possess a clear advantage in processes, which require
maximum chain end reactivity such as novel catalysts. A dramatic difference is
also observed when the intrinsic viscosity behavior of hyperbranched macro-
molecules is compared with regular dendrimers. While dendrimers are found to
be the only materials that do not obey the Mark-Houwink-Sakurada relation-
ship, hyperbranched macromolecules are found to follow this relationship, albe-
it with extremely low “a” values when compared to linear and branched poly-
mers [126].

From the above discussion it can be seen that hyperbranched macromole-
cules are similar to dendrimers in a number of respects. A large degree of varia-
tion is possible in their structure and to a limited degree structural control is
possible. Obviously the extremely high degree of control associated with den-
dritic macromolecules is not possible, although the readily availability of hyper-
branched systems due to their one step synthesis does make these materials at-
tractive from a commercial viewpoint. Exploitation of the globular, highly func-

Scheme 19
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tionalized structure of hyperbranched macromolecules does lead to changes in
their physical properties when compared to linear materials and a number of
these property changes can be directly linked with observations from the field of
dendrimers.
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Macroporous polymers are treated in detail in this review, focusing on how to predict phase
behavior and to prepare thermosetting materials. The formation of porous polymers is in-
itially classified into methods of gas blowing, emulsion derived and phase separation. In
chemically induced phase separation that involves a reactive polymer precursor and a sol-
vent, phase separation is driven by the change in free energy of the system given by changes
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uid droplets or voids on polymer thermoset fracture properties is discussed with a closure
of the article by a section on the lowering of dielectric constant through void incorporation.
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critical volume fraction for phase separation

 

f

 

i

 

volume fraction of component

 

 i

 

n

 

i

 

volume of one polymer chain

 

n

 

sol

 

volume of one solvent molecule

 

r

 

density of neat, fully crosslinked thermoset

 

r

 

por

 

density of macroporous thermoset
CIPS chemically induced phase separation
DGEBPA diglycidyl ether of bisphenol-A
LCST lower critical solution temperature
PACP 2,2'-bis(4-amino-cyclohexyl)propane
PMMA poly(methyl methacrylate)
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PSD pore size distribution
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TIPS thermally induced phase separation
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1

 

Introduction to Foams and Macroporous Polymers

 

It is our intention to present strategies based on

 

 chemically induced phase sepa-
ration

 

 (CIPS), which allow one to prepare porous thermosets with controlled
size and distribution in the low µm-range. According to IUPAC nomenclature,
porous materials with pore sizes greater than 50 nm should be termed

 

 macropo-
rous

 

 [1]. Based on this terminology, porous materials with pore diameters lower
than 2 nm are called

 

 microporous

 

. The nomination

 

 mesoporous

 

 is reserved for
materials with intermediate pore sizes. In this introductory section, we will clas-
sify and explain the different approaches to prepare porous polymers and to
check their feasibility to achieve

 

 macroporous thermosets

 

. A summary of the
technologically most important techniques to prepare polymeric foams can be
found in [2, 3].

Among the various techniques for the preparation of macroporous polymers,
one can distinguish, in the main, three different routes: The first involves the use
of gases as the void-forming medium. The second approach is based on the in-
termediate of emulsions, formed by tailor-made block-copolymers and the sub-
sequent removal of the dispersed phase. The third category is classified by the
use of a phase separation process to generate a two-phase morphology, finally
resulting in a porous morphology.

 

1.1
Gas Derived Polymeric Foams

 

Gases can be generated during the processing of polymers by using blowing
agents to yield polymeric foams widely used as insulating and packaging mate-
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rials. Shutov distinguishes between physical and chemical blowing agents [4].
According to this classification, chemical blowing agents are compounds which
deliver a gas as a result of the chemical interaction between several compounds
or a thermal decomposition reaction. Physical blowing agents are substances
which can easily undergo a transition from the liquid to the gas state either by a
pressure reduction or by a temperature increase. The temperature increase can
result from external sources or exothermic heat development during a crosslink-
ing reaction. One important class of such physical blowing agents were the chlo-
rofluorocarbons. Nowadays, they are known to destroy the ozone layer in the
stratosphere. Since the world-wide banning of chlorofluorocarbons, the foam
industry has been looking for new methods to avoid blowing agents and is using
environmental friendly as well as economically viable gases, such as carbon di-
oxide, nitrogen, or simply air, to produce polymeric foams.

One alternative is to select precursors which form a gas as a reaction product
in situ during the network formation of thermosets. However this approach is
restricted to a very limited number of precursors reacting via a polycondensa-
tion mechanism to split off a gas. For example, flexible polyurethane foams are
commercially produced using CO

 

2

 

 that is liberated as a reaction product of the
isocyanate monomer with water [5]. Very recently, Macosko and coworkers
studied the macroscopic cell opening mechanism in polyurethane foams and
unraveled a microphase separation occurring in the cell walls. This leads to na-
nosized domains, which are considered as hard segments and responsible for a
rise in modulus after the cell opening [6].

A wide variety of microcellular thermoplastic foams, such as polypropylene,
polystyrene, polycarbonate, polyvinylchloride, polyethyleneterephthalate, or
acryl-butadiene-styrene with bubble densities up to 10

 

9 

 

cells/cm

 

3

 

 can be pre-
pared via gas nucleation [7–9]

 

.

 

 This method consists of a two-step procedure. In
the first step the thermoplastic polymer is saturated with a non-reactive gas such
as carbon dioxide or nitrogen at fairly elevated pressures. Upon saturation, the
polymer is removed from the pressure reactor in order to produce a supersatu-
rated sample. This supersaturated polymer is then heated to a temperature near

 

T

 

g

 

 in the glassy state, thus inducing nucleation and growth of gas bubbles. The
careful adjustment of foaming parameters such as temperature and time allows
one to control the size of the pores within relatively narrow limits with average
sizes typically 10–50 µm, and enables one to produce products with complex
shapes [8]. Owing to the lower gas solubility and the fact that crystals prevent
nucleation, semicrystalline polymers are difficult to foam by this procedure [7],
and the gas nucleation technique is therefore limited to preparing amorphous
thermoplastics.

When studying the plasticization effect of CO

 

2

 

 in polymethylmethacrylate
(PMMA) [10], Goel and Beckman explored a different strategy for using CO

 

2

 

 to
produce microcellular PMMA. They saturated the polymer with CO

 

2

 

 at much
higher pressures (25–35 MPa), thus placing the system in the supercritical re-
gion, where both components are miscible. By carrying out a rapid pressure
quench, the two components become immiscible and start to phase separate, re-
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sulting in a highly opened porosity [11, 12]. Currently DeSimone and coworkers
intend to prevent the agglomeration of pores by synthesizing tailored sur-
factants with CO

 

2

 

-philic blocks such as fluoropolymers or silicones [13, 14].
Mainly due to the high diffusion rates of gases in polymers, the above tech-

niques – apart from gas nucleation – provide foams with an open porosity and
a very large pore size distribution, often ranging over several orders of magni-
tude. Furthermore, the in situ development of a gas during the processing reac-
tion is very sensitive to the processing conditions. Consequently, it is difficult to
control the final morphology. Even though some of the above techniques in
principle also allow one to produce porous thermosets, gas derived foams can-
not give the desired narrow size distribution in the low µm-range.

 

1.2
Emulsion Derived Polymeric Foams

 

Further techniques that also provide for polymeric foams are based on emulsion
techniques. Depending on the ratios of the inner phase, the outer phase and the
surfactant, either micellar, cylindrical, lamellar, or other structures can be
formed. Such self-assembling systems are of substantial interest to design new
materials with structural arrangements on a molecular level suitable for ad-
vanced applications [15]. In this strategy, the inner phase consists of a volatile
liquid or polymeric substance, and the outer phase is a polymerizable monomer,
thus leading to a rigid matrix upon polymerization. A foam is obtained upon re-
moval of the inner phase, which can be realized by evaporation, thermal decom-
position, or extraction with a convenient solvent. As the volume fraction of the
inner phase exceed the highest density packaging of spheres (74%), the inner
phase can no longer stay separated, resulting in the formation of interconnected,
polyhedral cells. Ruckenstein and coworkers applied this concentrated emulsion
pathway to synthesize porous polymers having highly interconnected pores
[16]. The volume fraction of the continuous phase can become as low as 1%.
However such extremely high porosities require that the continuous phase must
be polymerized to ensure the mechanical stability of the membrane [17–19].

Emulsion derived foams prepared via the concentrated emulsion pathway are
characterized by highly interconnected pores, thus offering density values as low
as 0.02 g/cm

 

3 and a relatively narrow size distribution in the µm-range resulting
from a thermodynamically stable system. This principle allows for the synthesis
of organic as well as inorganic foams that offer a wide range of applications [20,
21]. Recently such technique has been applied to form injectable siloxane foams
where the emulsified liquid was removed supercritically in order to avoid pore
collapse [22].

In contrast to the highly interconnected pores mentioned previously, closed
pores can also be obtained by microemulsion polymerization if the initial vol-
ume fraction of the dispersed phase is kept lower than 30%. Recently two sys-
tems have been reported where the polymerization of the continuous phase and
the subsequent removal of the liquid dispersed phase resulted in the formation
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of porous thermoplastic materials such as PS [23] or PMMA [24–26]. Both
groups observed independently that the initial morphology could not be re-
tained as the final pore size was several µm, whereas the domain size in microe-
mulsions is usually in the range 10–100 nm. As the final morphology results
from the uncontrolled breakup of the microemulsion, the emulsion polymeriza-
tion route does not seem to offer a satisfactory way to produce porous thermo-
sets with a controlled closed cell morphology in the µm-range.

Very well defined porous structures having a closed cell morphology in the
nm-range can also be obtained from the self-assembly of tailor-made block co-
polymers. Hedrick and coworkers have explored a general methodology, ena-
bling the synthesis of “nanoporous” polyimides [27–35]. The well controlled po-
rosity results from the self-assembly of triblock or graft copolymers consisting
of a thermally labile and thermally stable block. Thermal degradation of the
thermally labile inner phase leads to a polymeric matrix containing well dis-
persed voids. SAXS [35] and TEM [36] measurements revealed closed pores with
sizes ranging from 5 to 20 nm, depending on the block length of the thermally
labile block. This mesoporous structure led to materials with significantly lower
density and dielectric constant, thus offering potential for applications in micro-
electronics [37, 38].

1.3
Porous Polymers via Phase Separation Processes

Porous polymers can also be derived from a phase separation process by carry-
ing out a temperature quench. Porous PS foams with densities as low as 0.02–
0.2 g/cm3 are produced by phase separation starting from a PS-cyclohexane sys-
tem [39, 40]. The phase diagram of this particular system is well known and ex-
hibits a so-called upper critical solution temperature. Above the critical solution
temperature the cyclohexane and polystyrene are miscible. A phase separation
is initiated by cooling below the binodal or spinodal line, thus resulting in a two-
phase morphology. This method has later been termed thermally induced phase
separation (TIPS), as the phase separation is initiated by a thermal quench [41,
42]. Controlling the morphology requires a detailed knowledge of the phase di-
agram as well as the kinetics and thermodynamics of the different phase sepa-
ration mechanisms. Depending on the quench rate, the phase separation pro-
ceeds either via nucleation and growth or via spinodal decomposition, resulting
in different morphologies. The theoretical backgrounds of TIPS have much in
common with CIPS, and these aspects will be further outlined in the next sec-
tion. After phase separation, a porous morphology is achieved by evaporation of
the solvent. Thus the pore size can be varied from less than 1 µm up to around
100 µm. The low volume fraction of the polymeric phase leads to a highly inter-
connected, porous structure. This technique allows only for the preparation of
films less than 1 mm in thickness that can be used as membranes.

Polymeric membranes with highly interconnected pores have been produced
commercially for more than 30 years based on a phase inversion process. These
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phase inversion membranes were first used for the desalination of sea water [43].
Phase inversion membranes have later entered diversified applications ranging
from oil recovery to dialysis [44, 45]. In the strategy of the phase inversion proc-
ess a polymer-solvent mixture is immersed into a non-solvent bath. Precipita-
tion leads to the formation of a polymer-rich and a solvent-rich phase. The
phase separation results from the solvent interchange and the simultaneous tem-
perature quench caused by the immersion into the non-solvent bath. Despite the
very large industrial use and economic importance of these products, the pore
formation mechanisms are only moderately understood, and explanations of the
structure development are rather qualitatively discussed than theoretically con-
firmed. Nevertheless the influence of processing parameters on the structure de-
velopment is quite well understood and the morphology of the membranes can
be varied from a sponge-like structure to a finger-like structure [46, 47].

Porous materials used for chromatography result from a chemically induced
phase separation using chain-wise polymerization of vinyl-containing mono-
mers crosslinked with a portion of divinyl functional monomers. Fréchet has
improved this technique for the preparation of porous PS beads [48]. In this ap-
proach the inner phase consists of a mixture containing the reactive styrene and
divinylbenzene monomers as well as an unreactive polymeric porogen. After
polymerization, the soluble polymeric porogen is removed, leaving behind ma-
croporous beads with pore sizes of around 100–500 nm.

The above summary shows that there is gap in existing techniques and none
can provide thermosets having closed pores with a narrow size distribution in
the µm-range. However, we will combine the knowledge of the above techniques
to develop a new, general strategy to give macroporous thermosets. The basic
ideas and theoretical backgrounds of this new technology are explained in
Sect. 2.

2
Chemically Induced Phase Separation (CIPS)

Thermoset materials with a controlled morphology in the low µm-range are
found in toughened thermosets where the second polymeric phase has been
generated via a phase separation process. Indeed the methodology we sought to

Fig. 1. General strategy of the Chemically Induced Phase Separation (CIPS) technique to
prepare macroporous thermosets having a closed cell morphology
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use is very similar, as we intend to use a non-reactive low molecular weight liq-
uid instead of using a reactive, oligomeric moiety to phase separate. The choice
of the liquid is crucial, as it must be a moderately good solvent for the precursor
monomers to allow the components to be miscible in the uncured state, thus giv-
ing initially a homogenous mixture. During the curing reaction, the low molec-
ular weight liquid should turn into a non-solvent and start to phase separate into
discrete liquid domains. At this stage the system consists of two phases – a solid,
highly crosslinked matrix containing dispersed liquid droplets. This liquid, be-
ing volatile, can subsequently be removed by a diffusion process by holding the
system in the rubbery state of the crosslinked network and above the boiling
point of the liquid. This should ideally result in the formation of pores with sizes
and distributions which result from the phase separation process. Hence neither
ripening nor collapse should occur upon removal of the low molecular weight
liquid. The principle idea of this so called Chemically Induced Phase Separation
(CIPS) technique is shown in Fig. 1.

2.1
Procedure for the Preparation of Solvent-Modified and Macroporous Epoxy Networks 
via Chemically Induced Phase Separation (CIPS)

The precursor monomers used to build up a highly crosslinked network are
shown in Scheme 1 and consist of diglycidyl ether of bisphenol-A (DGEBPA)
and 2,2'-bis(4-amino-cyclohexyl)propane (PACP).

In addition to the general procedure of the CIPS technique described in Fig. 1,
the principle experimental procedure for the preparation of solvent-modified
and macroporous epoxy networks via the CIPS technique is given below [49, 50].

For fundamental studies on the preparation of macroporous epoxies via CIPS
an initial amount of around 2–3 g of DGEBPA was sufficient to realize reproduc-
ible samples suitable for further characterizations. The curing agent PACP was
then added in a stoichiometric amount considering that the diamine can react
with four epoxy groups.

The desired volume of low molecular weight liquid was added and the three
components – epoxy, curing agent, and low molecular weight liquid – were
mixed together under gentle stirring at room temperature, until a clear and ho-

Scheme 1
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mogeneous solution was obtained. This one-phase system gave the starting sys-
tem. Part of this clear solution was then transferred into a glass tube sealed at
one end. This glass tube was then placed in liquid nitrogen in order to cool the
one-phase system below the melting point of the pure low molecular weight liq-
uid and attached to a vacuum line. The glass tube was then sealed in the upper
part under an applied vacuum. Hence one obtained a closed system thus allow-
ing simulation of real processing conditions. The sealed glass tube was then
placed in a pre-heated sandbath for curing. Alternatively, the well controlled
conditions using a glass tube could very well be exchanged for a standard closed
mold with the only difference being that the curing temperature may not exceed
the boiling point of the liquid (be careful with exotherms!). Hence, any shape
and size of object could be envisaged using standard thermoset processing tech-
nologies. If the appropriate thermodynamic conditions were fulfilled, phase
separation took place leading to a two-phase system consisting of a rigid, highly
crosslinked network forming the matrix and separated domains, which were liq-
uid. Such a system will be denoted as solvent-modified in the following.

After curing, the sample was removed from the glass tube or mold and heated
to above the ultimate glass transition temperature, T ¥

g , in a vacuum oven. The
liquid was simply removed by holding the system at this temperature until con-
stant weight was reached. A temperature above T ¥

g  has been selected to ensure
that the material remained in the rubbery state, thus allowing for sufficient dif-
fusion rates. However the temperature should not be too high to avoid thermal
degradation and char formation. The final materials consisting of a highly
crosslinked matrix and voids will be termed macroporous networks.

This experimental procedure to synthesize macroporous thermosets via CIPS
is quite straightforward and similar to the well established method to yield
toughened polymers prepared via a phase separation process. This process dif-
fers from the standard polymer-polymer phase separation in the ease of solvent
diffusion resulting in droplet formation and in the subsequent pore formation
step. The difficult experimental part is to find the correct reaction parameters to
achieve the envisaged phase separation for a given precursor system. The first
criterion is to find a suitable solvent, which will turn into a non-solvent during
the curing reaction, and to investigate the influence of reaction parameters on
the morphology and the reproducibility of the results. The experimental search
for polymer-solvent systems undergoing phase separation is a time-consuming
process. In the next sections we will present theoretical guidelines which should
simplify the solvent selection while simultaneously allowing one to tailor the
morphology.

2.2
Thermodynamic Aspects of Phase Separation Processes

This technique is called Chemically Induced Phase Separation (CIPS) as the ther-
modynamic origin of the phase separation can be regarded as a chemical
quench, as will be explained below.
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From a thermodynamic viewpoint, any type of phase separation is the result
of a change in the free energy of the system, DG [51–53]. DG can be separated
into an enthalpy term, DH, resulting from the changes in intermolecular interac-
tions, and an entropic contribution associated with configurational changes, DS.

The change in the free energy is generally expressed by the Gibbs equation: 

DG=DH–T×DS (1)

In polymeric systems exhibiting a high degree of flexibility, the change in the
entropy often becomes dominating for polymer miscibility and phase separa-
tion processes. Thus it is possible that mixing takes place spontaneously even
though the enthalpy of mixing is slightly endothermic.

A phase separation can be described just with regard to the shape of free en-
ergy curves for several states without the detailed knowledge of the expressions
for DH and DS. Let us consider that two components are completely miscible.
This will be the case if DG is negative over the entire composition range. This sit-
uation corresponds to line a in Fig. 2. The inverse case of complete immiscibility
is thermodynamically given by positive DG values as shown by line c. A phase
separation is equivalent to the transition from the miscible to the immiscible
state. Mathematically this implies a change in the curvature of the DG-function.
In this intermediate state (line b), the DG-function is characterized by a curve
displaying two minima, one maximum and two inflection points. The inflection
points are given by the points where the second derivation vanishes, thus:

(2)

Fig. 2. Free energy curves corresponding to miscibility (line a), phase separation (line b),
and immiscibility (line c)
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This is the thermodynamic condition for spinodal decomposition. For any

composition in between the two inflection points and the initial-
ly homogeneous mixture will split up into two phases with compositions given
by the inflection points, thus minimizing the total free energy.

Let us now consider a system composed of a polymer and a solvent. For com-
positions in between the inflection points, solvent molecules will diffuse into the
solvent-rich phase, and the polymer molecules diffuse in the polymer-rich
phase. Thus diffusion occurs against a concentration gradient. Therefore, this
type of phase separation is known as up-hill diffusion. The up-hill diffusion
leads to a spontaneous decomposition and it is therefore also named spinodal
decomposition. The formation of two phases via spinodal decomposition occurs
immediately upon reaching the spinodal decomposition region and does not re-
quire any activation energy.

In the intermediate state (line b) the free energy curve also delivers the points
that satisfy the thermodynamic conditions for equilibrium [51–54]. Thus the
chemical potentials of each component (polymer or solvent) must be the same
in both phases (I and II). For a polymer-solvent system, this is mathematically
expressed by

(3)

The chemical potential, µi, of phase i is defined as

(4)

Graphically, the conditions for thermodynamic equilibrium are equal to two
points which have a common tangent. These points give the composition of a
polymer-rich phase (I) and a solvent-rich phase (II) that can coexist in thermo-
dynamic equilibrium. The summation of such points is also called the coexist-
ence curve or binodal line.

2.2.1
Flory-Huggins Theory

Any parameter that influences either the enthalpy or the entropy of the system
might change the free energy in such a manner that phase separation occurs. For
a system like those studied here, being composed of a polymer and a solvent, the
entropy of mixing, DS, has been calculated independently by Flory [53, 55, 56]
and Huggins [57, 58] based on the lattice model. It is assumed that each solvent
molecule occupies one cell of the lattice. The volume of the smallest unit serves
as reference volume. It is stated that the macromolecule can be composed of ad-
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jacent segments with volumes identical to the solvent molecule. Thus the volume
occupied by the macromolecule is given by

vPol=x·vSol (5)

where x is an integer and vPol and vSol represent the volume of one polymer chain
and one solvent molecule, respectively. Several assumptions were necessary to
calculate the number of possible arrangements. Thus, it was assumed that each
site can be occupied only by either the solvent or the macromolecule. For the sta-
tistical calculations, the lattice was first filled with the polymer chains, and the
solvent molecules were then placed in the remaining free sites after the complete
filling process. This treatment requires that the size of the second component is
very small like a solvent molecule, thus vPol must be much higher than vSol. This
assumption is fulfilled for polymer-solvent systems used in the CIPS technique
to prepare macroporous thermosets. Furthermore, all polymer molecules were
assumed to have the same size and the placement of adjacent macromolecules
should not lead to concentration differences in the lattice. These calculations fi-
nally lead to

(6)

where nPol, nSol represent the molar numbers of polymer and solvent respective-
ly and fPol, fSol their volume fractions. R is the gas constant.

The volume fractions of polymer and solvent are defined as

(7)

Therein VPol and VSol represent the molar volumes of polymer and solvent re-
spectively, and VT the total volume which is given by

VT=nPol×VPol+nSol×VSol (8)

In addition to the calculations of changes in the free entropy mixing, Flory in-
troduced the interaction parameter, c, to account for the intermolecular interac-
tions between polymer and solvent molecules, thus giving [53]

DH=R×T×c×nSol×fPol (9)

The combination of entropy and enthalpy changes finally lead to the well-
known Flory-Huggins equation [53]:

DG=R×T×{nPol×1nfPol+nSol×1nfSol+c×fPol×nSol} (10)

2.3
Types of Phase Separation Processes and Nomenclature

The Flory-Huggins equation (Eq. 10) allows one to reconstruct schematic phase
diagrams to express the phase separation behavior as discussed below.
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According to the Flory-Huggins Equation (Eq. 10) the free energy of mixing
is a function of the temperature, the interaction parameter, and the volume frac-
tion of polymer and solvent. A phase separation can result if DG changes its cur-
vature as a consequence of the variation of one or several parameters contribut-
ing to the free energy. This has led to several possibilities of initiating phase sep-
aration processes depending on the variable that causes the change in the free
energy, as explained below.

2.3.1
Thermally Induced Phase Separation

One variable in the Flory-Huggins equation is the temperature. Thermally in-
duced phase separation is generally used as the expression to characterize all
techniques where phase separation results from temperature changes. The oc-
currence of phase separation and the shape of the phase diagram depend strong-
ly on the interaction parameter, which is specific for each system. The interac-
tion parameter does not have a constant value, but it depends on temperature
[59], composition [60], and also pressure [61]. Several experimental methods
exist to determine the interaction parameter. These are based on techniques like
either light- or neutron scattering and osmometry for high dilutions, or inverse
gas chromatography near the polymer melt [59, 62].

Two types of phase diagrams, which are of great technological importance,
derive from the simplification that the interaction parameter varies lineary with
the inverse of temperature:

(11)

This relationship, which is most widely used to take into account the temper-
ature dependence of the interaction parameter, was first confirmed experimen-
tally by Huggins [58].

An upper critical solution temperature (UCST) behavior is obtained from
Eqs. (10) and (11) if the value of c is positive and increases linearly with 1/T [63].
The resulting phase diagram is schematically represented in Fig. 3a. If c is neg-
ative and decreases linearly with 1/T, the system displays a lower critical solution
temperature (LCST) behavior, as shown in Fig. 3b. The schematic phase dia-
grams shown in Fig. 3 contain two lines and several regions: The inner line is
called the spinodal line and the outer line the binodal line. The binodal line re-
sults from the free energy curve by interconnecting all the points having a com-
mon tangent as a function of the temperature. Hence this represents the equilib-
rium or coexistence curve. Entering the metastable region, which is limited by
the spinodal and binodal line, will initiate phase separation which will proceed
via a nucleation and growth mechanism. Similar to the construction of the bin-
odal line, the spinodal line results from the summation of inflection points of
free energy curves as a function of temperature. If the area enclosed by the spin-
odal line is entered, the phase separation will take place via spinodal decomposi-

  
c = +a

b
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tion. Such schematic phase diagrams derived from the Flory-Huggins equation
are very useful to explain the morphology development upon phase separation.

The area outside the binodal line is called the stable region. Here the two com-
ponents are completely miscible. Starting from the stable region a phase separa-
tion is achieved, if the temperature is lowered (UCST) or raised (LCST) in such a
manner that the metastable region or the domain for spinodal decomposition
are entered. The transition from one area of a phase diagram into another is
called quench. Any technique where phase separation results from a tempera-
ture quench is therefore known as thermally induced phase separation (TIPS).
The phase separation mechanism and the final morphology depend on the re-
gion that is entered during the temperature quench. However, it is difficult to re-
construct these phase diagrams, as this requires an accurate description of the
interaction parameter as a function of temperature, composition, and molecular
weight of the polymer [64].

The TIPS technique is largely applied to yield a wide variety of polymer
blends deriving from an UCST or LCST behavior [65] and has also proven to be
useful for the preparation of porous thermoplastic polymers by the use of a
phase separating solvent [41, 42].

2.3.2
Chemically Induced Phase Separation

A change in the free energy resulting in phase separation can also be achieved
by continuously changing the molecular weight of the polymer, thus contribut-
ing to changes in entropy. Such a change in miscibility is largely applied to the
synthesis of thermoplastic polymers, where the polymerization is carried out in
a solvent. The polymerization product, having a high molecular weight and be-

Fig. 3a,b. Schematic phase diagrams displaying: a upper critical solution temperature
(UCST) behavior; b lower critical solution temperature (LCST) behavior
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ing non-soluble, does precipitate and can be separated from the low molecular
weight products. During the curing of thermosetting polymers a highly
crosslinked network structure is generated. The curing process is accompanied
by an increase in molecular weight and can be used to initiate a phase separa-
tion, thus giving a two-phase morphology. This procedure is, for instance, ap-
plied to produce toughened thermosets or polymer dispersed liquid crystals. If
it is desired to reconstruct phase diagrams, it becomes necessary to express
changes in entropy and enthalpy as a function of conversion.

Let us first consider the changes in entropy and calculate the free entropy of
mixing per unit volume, DSV, instead of DS [66–68].

Combination of Eqs. (6)–(8) then gives

(12)

Let us now introduce

 (13)

where V0 is the molar volume of precursor monomers used to build up a ther-
mosetting network. It is then assumed that V0 is equivalent to the reference vol-
ume used in the original lattice model. Under this condition the molar volumes
are linked to the number average molecular weight by [67–69]

(14)

The number average molecular weight of the precursor monomer mixture,
n0, is determined by the molecular weights and ratio of the precursor mono-

mers. The number average molecular weight distribution, n, of a thermoset-
ting polymer reacting by polycondensation can be derived from statistical cal-
culations as a function of the extent of reaction. The resulting equations depend
strongly on the type of reaction and the functionality of the precursor mono-
mers [70]. In our case, the curing reaction of bifunctional epoxy resins with
tetrafunctional diamines, the molecular weight distribution is linked to the ex-
tent of reaction or conversion, q, by [67, 68, 71]

(15)

It is important to note that this statistical calculation is only valid as long as
the kinetics of network formation is totally controlled by the reactivity between
the precursor monomers. With the formation of an infinite network at gelation
and corresponding increase in viscosity, the reaction is slowed down considera-
bly. Consequently, Eq. (15) is only valid prior to gelation.
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Combination of Eqs. (12)–(15) leads to

(16)

Similar to the entropic contribution, one can also express the free enthalpy of
mixing per unit volume.

Disposing the Flory-Huggins modified equation, including the free entropy
of mixing per total volume, DSv, as a function of conversion and the enthalpy
term expressed with the interaction parameter [66–68, 72]:

 (17)

the complete phase diagrams allowing for prediction of the phase behavior
could be constructed. Williams et al. have widely applied this strategy to calcu-
late DGV-curves and explain the phase separation behavior of epoxy and cyanu-
rate networks modified with rubbery and thermoplastic polymers [66–69, 71,
73, 74]. Investigating the equation to calculate DGV as a function of conversion,
one finds that only the interaction parameter c is missing. However, the experi-
mental determination of c requires experimental techniques such as inverse gas
chromatography [75, 76] or neutron scattering [59, 60, 77] and it is well known,
that c depends on numerous parameters, such as temperature [53, 58, 59, 63, 77],
composition [60, 64, 78], and pressure [61].

2.4
Calculation of Schematic Phase Diagrams for the Preparation of Solvent-Modified 
and Macroporous Thermosets via CIPS

As an alternative to the use of Flory’s interaction parameter, we intend to express
DH based on the solubility parameter, d, being slightly limited in accuracy but
superior in simplicity, needing only pen and paper. According to its definition, d
is equal to the square root of the molar energy of vaporization, DEv, per unit mo-
lar volume, thus [79]

(18)

DEv can be determined from calorimetry for organic liquids. Even though it
cannot be determined experimentally for macromolecules, the value for the sol-
ubility parameter can be calculated based on individual group contributions for
nearly any type of macromolecules [80].

According to the Hildebrand concept, the free enthalpy of mixing DH is given
by [79]

(19)
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According to this definition DH cannot take negative values and miscibility is
favored if the differences between the solubility parameters of polymer, dPol, and
solvent, dSol, are small. This concept has been largely applied to check for the
miscibility between polymer-solvent pairs. An initial miscibility is crucial in the
strategy of CIPS, where the low molecular weight liquid should convert from a
solvent into a non-solvent during the curing reaction and the question arises,
whether the phase separation behavior can be simply related to the solubility pa-
rameters of the polymer and solvent. Thus the solubility parameter concept
might help to select solvents suitable for phase separation.

For our calculations of DH it is taken into account that the solubility param-
eter 

®
d is a vectorial quantity [81, 80]. It can be divided into different contribu-

tions, resulting from polar (dp), hydrogen bonding (dh), or dispersive forces (dd)
(see Fig. 4). These can be calculated from the molecular structure of the macro-
molecule by applying theories proposed by Small, Hoy, Fedors or Hoftyzer and
van Krevelen [80]. Among these theories we have chosen the method of Hoftyzer
and van Krevelen for the calculation of group contributions and

®
d . The direc-

tion of the solubility parameter depends on the chemical structure, whereas the
vector length is a result of the sum of contributions from individual groups by
taking into account the molar volume. Graphically this difference between the
solubility parameter of the polymer, 

®
d Pol ,  and the solvent, 

®
d Sol ,  is given by

vector ®
d  (Fig. 4). Mathematically ®

d  is expressed by

(20)

and the Hildebrand equation becomes

(21)

Equation (21) reduces to Eq. (19) if polar and hydrogen bonding interactions
are neglected. Hence, not the absolute value of the solubility parameter, as sug-
gested by the simplified Hildebrand concept, but its individual contributions
must be considered in order to express the solution and phase separation behav-
ior. Thus, even though the norm of the solubility parameter of various solvents
is constant, the partial contributions can be very different, resulting in a totally
different solution and phase separation behavior respectively.

It is schematically represented in Fig. 4, that the solubility parameter of the
polymer changes its direction as well as its length during the crosslinking reac-
tion. For our system, this is a consequence of the formation of hydroxyl groups
during the epoxy-amine reaction [82, 83]. This results in an increase in polar
and hydrogen bonding interactions. These changes might be very different if
other precursor monomers are used. In the uncured state (q=0), the length of
the vector 

®
d (q=0), pointing from the solubility parameter vector of the precur-

sor polymer mixture to the solubility parameter vector of the solvent, is initially
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short (Fig. 4). Thus the free enthalpy of mixing is low, and miscibility is favored.
Upon reaction the length of 

®
d (q) increases, thus increasing the enthalpic con-

tribution. It should be kept in mind, that according to the Hildebrand equation
(Eq. 19), the free enthalpy of mixing is proportional to the square of |

®
d (q)|.

However, more than the direction of 
®
d (q), its absolute value is of utmost im-

portance. Thus not only changes in entropy but also enthalpy determine the
phase separation behavior. The mathematical solution of the enthalpy of mixing
is required to express 

®
d (q). Assuming that the change in solubility parameter

of the polymer occurs linearly with conversion (see Fig. 4), 
®
d (q) is given by

(22)

With

(23)

and

(24)

Fig. 4. Vectorial representation of solubility parameters used to calculate the free enthalpy
of mixing as a function of conversion, q
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®
d (q) can be formulated as

(25)

where the indices d, p, and h stand for the dispersive, polar, and hydrogen bond-
ing contributions respectively.

The length of 
®
d (q) can then be calculated as a function of conversion ac-

cording to

(26)

Combination of Eqs. (16), (21), and (25) then yield the desired expression for
DGV as a function of conversion:

(27)

Similar to the derivation of schematic phase diagrams showing an UCST or
LCST behavior, as shown in the previous section, it is now possible to plot a sche-
matic phase diagram as a function of conversion, q, such as shown in Fig. 5. The
binodal and spinodal curves are obtained by interconnecting all the coexisting
points and inflection points of the DGV-curves as a function of q similar to the
procedure described in [67–69].
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Fig. 5. Schematic phase diagram for Chemically Induced Phase Separation (CIPS)
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This schematic phase diagram is now used to explain the generation of a sec-
ond phase during the curing of thermosetting polymers. Upon the curing reac-
tion, the conversion increases continuously. Depending on the concentration
and on the reaction rate, a system which is completely miscible in the uncured
state (q=0) can enter the metastable or the spinodal decomposition region, thus
leading to phase separation. In the metastable region the phase separation pro-
ceeds via a nucleation and growth mechanism, whereas a spinodal decomposi-
tion occurs if the area enclosed by the spinodal line is entered. This transition
from the stable to the metastable or alternatively spinodal region can be regard-
ed as a chemical quench. Consequently, this type of phase separation is named
chemically induced phase separation (CIPS) [49, 50, 84–91] because it refers to
its thermodynamic origins. Alternatively the term reaction induced phase sepa-
ration has been widely used to describe thermosets which were toughened by
the generation of rubber or thermoplastic particles [68].

The morphologies that can be generated via the CIPS technique will depend
on the phase separation mechanism. The energy balance of a system that phase
separates via a nucleation and growth mechanism is governed by the energy re-
quired to enlarge the new surface and by the energy gain that results from the
formation of a higher volume. Hence the second phase will take the shape that
offers the best volume to surface ratio. Therefore the domains formed via nucle-
ation and growth will be spherical. If the metastable region is entered during the
curing reaction, the final morphology will then be the result of the competing ef-
fects between the nucleation and growth of the separated domains and the con-
tinuous advancement in crosslinking which is accompanied by an increase in
viscosity and thus lowers the growth rate.

In polymeric materials, the morphology development upon spinodal decom-
position proceeds through various stages [92, 93]. In the early stage of decom-
position a co-continuous structure develops. A dispersed two-phase structure
results only in the late stage of phase separation and the shape of the domains is
not uniform. The morphology development upon spinodal decomposition is
presented in Fig. 6.

2.5
Guidelines for the Preparation of Solvent-Modified and Macroporous Thermosets via CIPS

It has been shown above that the knowledge of the thermodynamic origins of
phase separation processes allows one to reconstruct schematic phase diagrams.

Fig. 6. Morphology development upon spinodal decomposition
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This also provides useful strategies to achieve porous thermosets having tai-
lored morphologies such as interconnected or closed pores. These guidelines are
summarized in Fig. 7 and discussed below.

If a closed cell morphology is desired the volume fraction must be kept low to
avoid interconnection or even phase inversion and the phase separation should
proceed via a nucleation and growth process. The nucleation and growth mech-
anism is favored if the transition from the stable into the metastable region oc-
curs slowly, thus allowing the system to reach the equilibrium concentration.
Therefore the reaction rate should be kept low. By this route the final size of the
liquid droplets will be the result of the competing effects of nucleation and
growth and the continuous advancement in crosslink density. The amount of
solvent should be limited by the phase inversion concentration that is given by
the interception of the binodal and spinodal line. This point is called the critical
concentration fc.

At concentrations above fc, a phase separation would lead to the formation of
particles dispersed in a liquid matrix. The composition of such particles should
be given by the binodal line. Thus such particles will still contain enough solvent
to undergo a phase separation. Indeed such an internal phase separation can be
used to prepare porous polymeric particles with potential for application as
chromatography beads [48].

An open porosity might be realized by interconnection of droplets generated
via a nucleation and growth mechanism using a higher solvent concentration.
Alternatively very high reaction rates might be used to enable for spinodal de-
composition and suppress the coalescence of domains occurring in its late stage.
Both strategies should allow for the preparation of materials having intercon-
nected pores which might become useful for membrane applications.

Fig. 7. Various strategies of the Chemically Induced Phase Separation technique to generate
different types of morphologies
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3
Selection Criteria for the Preparation of Solvent-Modified and Macroporous 
Epoxy Networks with Tailored Morphologies Prepared via CIPS

Imagine now that you want to prepare a macroporous thermoset using a prede-
termined set of precursor monomers. The first thing you would need to do is to
select a suitable solvent, initially dissolving the precursors but upon crosslink-
ing turning to a non-solvent giving the desired phase separation.

Here we want to discuss whether the solubility parameter concept which has
been explained above can be used to simplify the solvent selection. Hence we
will recalculate free energy curves, reconstruct phase diagrams, and discuss the
advantages and limitations of the solubility parameter approach in comparison
with experimental findings. Our aim is to show how this concept can be used for
the initial selection of a suitable solvent without performing time-consuming
experiments, thus allowing for the synthesis of a wide variety of solvent-modi-
fied and macroporous thermosets with tailored morphologies via the CIPS tech-
nique.

3.1
Gradient Oven for the Determination of Phase Separation Lines

In order to get experimental information about the concentration and tempera-
ture range where phase separation occurs, it is required to perform a series of
isothermal curing experiments varying these parameters [49]. By interconnect-
ing individual phase separation points, say 10% solvent at 40 ˚C is needed while
17% solvent has to be employed at 100 ˚C, a phase separation line is constructed.
In order to obtain the temperature and concentration ranges where phase sepa-
ration occurs with a very few experiments, a gradient oven made out of alumi-
num, schematically shown in Fig. 8, was constructed.

The temperature gradient is achieved by cooling one end with water, while the
opposite end is placed on a heating plate. A sealed glass tube filled with the ho-
mogeneous mixture, containing the unreacted precursor monomers together
with the desired amount of solvent, is then inserted into the gradient oven and
allowed to cure. The temperature along the tube shows a temperature distribu-
tion as given in Fig. 9. After curing, the glass tube is opened and the sample is
heated to 200 ˚C in a vacuum oven for 120 h in order to complete the network
formation and to evaporate fully the low molecular weight liquid. The resulting
sample now represents a linear gradient in temperature and may be sectioned at
various positions to investigate any morphology and density in the temperature
range 20–150 ˚C for this given solvent composition. The phase separation lines
were recorded within relatively narrow temperature limits. The lower limit is
given by the lowest curing temperature, identical to the temperature at the cold
end of the gradient oven, thus predetermined by the cooling media. In our stud-
ies we used water as the cooling fluid, thus limiting the lower temperature to
20 ˚C. The maximum temperature, identical to the temperature on the heating
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plate, was restricted to 150 ˚C, owing to the risk of explosion due to the pressure
buildup, by operating in a closed system at temperatures above the boiling point
of the liquids used for our experiments.

3.2
Influence of the Solubility Parameter on the Phase Separation Behavior

To illustrate the influence of the solubility parameter on the phase separation be-
havior, a series of solvents has been selected which have either different values

Fig. 8. Schematic representation of the gradient oven

Fig. 9. Typical temperature distribution achieved with the gradient oven
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of , but similar chemical structures, or similar values of  but different
chemical structures and phase separation lines were recorded with the gradient
oven.

Consequentely, we have chosen solvents in order to change separately either
the norm of the solubility parameter or its direction (see Fig. 4). These solvents
are listed in Table 1. It can be clearly seen that the polar and hydrogen bonding
interactions are zero for all of the aliphatic and cycloaliphatic alkanes. This al-
lows one to change only the value of  without changing its direction. For a
second series of experiments, we compare 2,6-dimethyl-4-heptanone, dib-
utylether and methyl-cyclohexane which have nearly identical lengths, but dif-
ferent vector directions.

Also shown in Table 1 are the solubility parameter values of the precursor
monomers and the fully cured epoxy network, which were calculated from the

Table 1. Solubility parameters and group contributions of polymer and solvents used for 
the synthesis of macroporous epoxies via CIPS

Chemical structure d dd dp dh

                                                                                                     (J/cm3)1/2

DGEBPA
PACP

18.2
20.05

16.9
18.3

1.4
0

6.4
8.2

Epoxy fully 
cured

NETWORK 20.95 17.6 2.1 11.2

Hexane 14.7 14.7 0 0

Octane 15.1 15.1 0 0

Decane 15.4 15.4 0 0

Cyclohexane 15 15 0 0

Methylcy-
clohexane

16 16 0 0

2,6-Dimethyl-
4-heptanone

16.1 15.2 4.4 3.4

Dibutylether 15.8 15 2.3 4.2

r
dSol

r
dSol

r
dSol
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group contributions following the Hoftyzer-van Krevelen approach. As can be
seen from Table 1 and Fig. 4, the solubility parameter of the polymer changes its
overall length as well as its direction with the curing reaction, thus leading to a
change in the enthalpic contribution. Consequently the variation of entropy and
enthalpy during the curing reaction are both responsible for a phase separation.
Hence the quantitative description of the free energy of mixing which considers
the changes of  and 

®
d  with conversion (Eq. 27) should allow one to recon-

struct real phase diagrams.
Plotted in Fig. 10 are phase separation lines, which were obtained with the

gradient oven for epoxies cured in the presence of the above solvents [88]. At the
left side of these lines, no phase separation occurs and the materials stay trans-
parent. The right side of these phase separation lines gives the temperature and
composition ranges where phase separation occurs. The onset of the phase sep-
aration, which gives one single point on the phase separation line, can easily be
detected for each concentration, as the samples become opaque as a conse-
quence of the formation of liquid domains in the µm-range.

One common feature in all the systems is the shift in the onset of phase sepa-
ration towards higher concentrations as the curing temperature is raised. This is
typical for UCST behavior. This phenomena is due to a higher miscibility of the
epoxy precursors and the solvent at higher temperatures. The onset of phase
separation represents in a first approximation the amount of solvent which re-
mains dissolved in the completely cured network. All the alkanes which show
large differences in the polar and hydrogen bonding contributions compared
with the crosslinked epoxy network demonstrate low miscibility with the neat
resin and the phase separation occurs at fairly low concentrations (see Fig. 4 and
Eq. 27). It can also be observed that increasing the size of solvent molecule low-

Fig. 10. Phase separation lines for the synthesis of macroporous epoxies via CIPS

r
dPol
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ers the miscibility, which is only partially due to a larger value of |
®
d |. A second

criterion for the phase separation is the conformational freedom of the solvent
molecule, that is not considered in the Flory-Huggins expression for the entropy.
Upon the formation of a highly crosslinked network the conformational free-
dom of long, flexible solvent molecules is greatly reduced, equivalent with a con-
siderable loss in entropy. Therefore the decane undergoes a phase separation at
very low solvent concentrations. Hence the phase separation lines shift to lower
concentrations starting from hexane over octane to decane.

The same trend is also observed when methylcyclohexane is compared to cy-
clohexane. The addition of only one methylene group in the structural unit caus-
es a considerable influence in the phase separation behavior. Even though, these
cycloaliphatic solvents display very similar group contributions to the linear al-
kanes, the onset of phase separation starts at higher concentrations. It is exper-
imentally observed, that the cyclohexane shows a higher miscibility than the
methylcyclohexane. This behavior is not expected from the differences in the
values of solubility parameter, but it can be explained with regard to the confor-
mational freedom of the solvent. The cyclohexane has only two configurations –
the boat and the chair form – whereas the linear alkanes have four (hexane) to
eight (decane) flexible points. The addition of one methylene group to cyclohex-
ane introduces a new flexible point, thus allowing for a higher change in entropy,
leading to phase separation starting at lower concentrations.

The influence of the conformational freedom becomes even more evident,
when the phase separation behavior of the more polar solvents, like dibutylether
and 2,6-dimethyl-4-heptanone, are compared to each other and to methylcy-
clohexane, which all have nearly identical values for , but various degrees
of conformational freedom. According to Eq. (27) it is expected that both polar
solvents should display a higher miscibility than the methylcyclohexane, and
that the 2,6-dimethyl-4-heptanone should undergo a phase separation at lower
concentrations than the dibutylether. The discrepancy between these theoretical
expectations and the experimental results are explained with regard to molecu-
lar flexibility of the different solvent molecules. Owing to the highly flexible
ether linkage together with the attached flexible linear chains, the dibutylether
displays a high level of conformational freedom, whereas the structural units of
the 2,6-dimethyl-4-heptanone and methylcyclohexane (shown in Table 3) are
examples of molecules with a lower conformational freedom. Therefore the loss
in entropy becomes more important in the ether-based system than for the ke-
tone, and the phase separation starts at lower concentrations for the dib-
utylether than for the methylcyclohexane and 2,6-dimethyl-4-heptanone. These
examples demonstrate the importance of the conformational freedom of the sol-
vent molecule and the solubility parameter for the phase separation behavior.

One particularly interesting system is the epoxy 2,6-dimethyl-4-heptanone as
up to 40 wt % of this solvent can be easily mixed together with the epoxy precur-
sors to generate a phase separation process. This allows one to verify experimen-
tally the possible morphologies which were predicted based on the schematic
phase diagram at concentrations below the phase inversion (see Fig. 7). Shown

r
dSol
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Fig. 11. Scanning electron micrographs of macroporous epoxies prepared via the CIPS
technique with various amounts of 2,6-dimethyl-4-heptanone at constant curing tempera-
ture, T=40 ˚C

a) Narrow size distribution obtained with 25 wt% 2,6-dimethyl-4-heptanone

b) Bimodal size distribution obtained with 30 wt% 2,6-dimethyl-4-heptanone

c) Co-continuous strutcture obtained with 35 wt% 2,6-dimethyl-4-heptanone
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in Fig. 11a–c are the scanning electron microscopy (SEM) micrographs of ma-
croporous epoxies, prepared via CIPS with various amounts of 2,6-dimethyl-4-
heptanone, sampled from the low temperature end of the gradient oven, thus
corresponding to a cure at room temperature. Experimental techniques for sam-
ple preparation and SEM measurements are described in [49, 50, 89]. It was con-
cluded from these measurements that the morphology is not changed during the
drying procedure, and thus the pore size is equivalent to the domain size after
the phase separation. By exceeding the critical concentration for the phase sep-
aration, a narrow sized porosity is generated, as it is seen from the SEM micro-
graph taken from a sample prepared with 25 wt % 2,6-dimethyl-4-heptanone
(Fig. 11a). Upon a further increase in solvent concentration to 30 wt % of 2,6-
dimethyl-4-heptanone, a bimodal distribution appears (Fig. 11b). Bimodal dis-
tributions are also observed in all the alkane based systems [49, 88, 89]. The ex-
planation for the development of such bimodal distributions will be given in the
next section.

As the solvent content is raised further to 35 wt % of 2,6-dimethyl-4-hep-
tanone, the pores become interconnected (Fig. 11c). The size distribution is very
narrow compared to other foaming procedures, where a gas is used as the pore
forming agent. Therefore the CIPS technique might become an alternative route
for the preparation of polymeric membranes with a narrow size distribution in
the µm-range. The generation of such a morphology has been claimed in the
previous section based on the schematic phase diagram (Fig. 7). However it
must be mentioned that such an open porosity has only been observed in a small
concentration and temperature range. As the concentration is raised further to
40 wt % 2,6-dimethyl-4-heptanone, an inhomogeneous structure containing do-
mains with sizes larger than 100 µm was found. Such a morphology is typically
observed when the solubility limit of the solvent in the unreacted precursor mix-
ture is exceeded. Thus the generation of an open porosity via the CIPS technique
seems to become possible only if the phase separation gap is relatively large. The
gradient oven can hence greatly facilitate the selection of suitable solvents,
which show such large phase separation gaps. Furthermore it accounts for an
eventual small offset in calculated solubility parameters.

3.3
Reconstruction of Real Phase Diagrams Based on the Solubility Parameter Approach

The above discussion demonstrates that the solubility parameter concept in
combination with the gradient oven is a useful tool to select a convenient sol-
vent, which could undergo a phase separation during the crosslinking reaction.

Based on Eq. (27) it is now possible to reconstruct free energy curves as a
function of conversion for any polymer-solvent system discussed above. Plotted
in Fig. 12 are the results of DGv as a function of conversion for the 2,6-dimethyl-
4-heptanone based system. These results clearly show the theoretically predict-
ed change in curvature which is accompanied with the development of a curve
having two minima and two inflection points [52, 53, 63, 68].
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Based on these results the points for thermodynamic equilibrium are deter-
mined graphically from the two points, which have a common tangent, thus
leading to the construction of the binodal line. The interconnection of inflection
points as a function of conversion yields the spinodal line. Thus one obtains the
phase diagram shown in Fig. 13. As Eq. (15) is only valid prior to gelation, phase
diagrams should not be extrapolated beyond this limit. According to Flory’s the-
ory of gelation [53], the extent of reaction at gelation takes a value of qgel=0.577
for the reaction of a stoichiometric amount of a bifunctional epoxy and a
tetrafunctional amine.

Fig. 12. Free energy curves for 2,6-dimethyl-4-heptanone modified epoxies calculated with
the solubility parameter approach at a constant temperature (315 K) as a function of con-
version

Fig. 13. Phase diagram for the 2,6-dimethyl-4-heptanone modified epoxy system derived
graphically from Fig. 12
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As stated earlier, the solubility parameter approach is an approximation. This
becomes obvious by comparing the 2,6-dimethyl-4-heptanone to dibutylether.
Experimentally it has been found that 2,6-dimethyl-4-heptanone displays a
higher miscibility than dibutylether. The calculations show that for any temper-
ature and conversion dibutylether should display a higher miscibility. This is re-
flected in Fig. 14, where free energy curves of 2,6-dimethyl-4-heptanone-modi-
fied systems and dibutylether-modified systems are compared at a constant tem-
perature (T=315 K) and a conversion of 30%. One can clearly see, that the phase
separation should just have started for the dibutylether-modified system with an
equilibrium concentration of around 25 vol. % solvent, whereas the change in
curvature is much more advanced in the 2,6-dimethyl-4-heptanone-modified
system exhibiting an equilibrium concentration of around 5–10 vol. % 2,6-dime-
thyl-4-heptanone in the polymeric matrix. The reason for this discrepancy be-
tween experimental observations and calculated data is two-fold.

The first limitation arises from the approximation introduced by the calcula-
tion of individual contributions for the solubility parameters. Based on the
group contributions proposed by Hoftyzer and van Krevelen which is used for
our calculations, the polar contribution of the ether group is only half the value
of ketone. Additionally, the chemical environment that influences the local
charge is not taken into account in this approach. For the calculation of group
contributions, it is not important whether an electron-withdrawing, a neutral or
an electron-donating group is adjacent to the functional group. The complex in-
teractions in polymer-solvent systems exhibiting polar and hydrogen bonding
interaction, encountered in the ketone and ether based systems, cannot be easily
quantified or predicted. This error becomes less important in the alkane-modi-
fied systems, where only weak van-der-Waals interactions are active. Moreover

Fig. 14. Free energy curves calculated with the solubility parameter approach for the 2,6-
dimethyl-4-heptanone- and dibutylether-modified epoxy systems at a constant tempera-
ture (T=315 K and conversion (q=0.3)



192 J. Kiefer, J.L. Hedrick, J.G. Hilborn

the calculations (Eq. 27) do not take into account the influence of the molecular
freedom of the solvent molecule on the changes in entropy. Thus the solubility
parameter approach provides a qualitative selection criteria, but it cannot yield
quantitatively correct results.

Analogous to the construction of phase diagrams for the 2,6-dimethyl-4-hep-
tanone-modified system, the phase diagram for dibutylether is plotted in
Fig. 15. Again one does recognize that the shape of this phase diagram ideally re-
sembles the one predicted by the Flory-Huggins theory as shown in Fig. 7. Based
on this diagram one can conclude that the metastable region is entered at a high-
er extent of reaction. This might explain the fact that no bimodal distribution
has been observed in the dibutylether-modified system, although the system has
been tested to volume fractions up to 25%. Furthermore this phase diagram is
in agreement with the observation that no phase separation occurs for volume
fractions below 10%. We believe that in such a case a critical extent of reaction,
qnucl, is reached where the viscosity or crosslinked density become so high that
nucleation is not possible. If qnucl is reached before the metastable region is en-
tered, nucleation cannot take place and the samples remain transparent. Our
preliminary investigations gave no exact answers as to whether this imaginary
critical conversion for nucleation, qnucl, can be related to gelation and how it de-
pends on the volume fraction of solvent [85].

Solving the modified Flory-Huggins-equation (Eq. 27), we find that the phase
separation behavior of alkanes is fairly well predicted [85]. As an example, the
free energy curves of epoxy networks modified with either hexane, octane, or de-
cane at equal temperature and conversion are shown in Fig. 16. According to the
calculated free energy curves, the miscibility is lowered as the chain length in-
creases, which agrees with the experimental observations. One characteristic fea-
ture of all the alkanes is the fact that they possess a large conformational freedom,
thus leading to a phase separation at low solvent concentrations. These free ener-

Fig. 15. Phase diagram for the dibutylether-modified epoxy system derived graphically
from free energy curves
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gy curves allowed then to reconstruct phase diagrams and gave results similar to
the one shown in Fig. 13 [85]. All these solvents display a very low miscibility even
in the uncured state. This solubility limit is given by the intercept of the binodal
line at zero conversion. A second boundary is given by the intercept of the binodal
line at the imaginary value of qnucl. Samples with concentrations between these
two boundaries demonstrate phase separation and this concentration range is
called the phase separation gap. However a small difference of around 5 vol. % ex-
ists between the theoretical prediction and experimental result. The isothermal
curing experiments [49, 50] as well as the experiments performed with the gradi-
ent oven (Fig. 10) gave nearly identical phase separation gaps.

The above results demonstrate that the solubility parameter concept (Eq. 27)
is very useful for reconstructing phase diagrams. Even though these phase dia-
grams enable one to explain the phase separation behavior of solvent-modified
thermosets prepared via CIPS, the calculations are simplifications with limita-
tions on predicting exactly the phase separation gap. These include the influence
of conformational freedom of the solvent molecule on the entropic contribution
and the influence of temperature on changes in intermolecular interactions. The
understanding of these parameters on the phase separation behavior, as pre-
sented here, is crucial to selecting a suitable solvent to induce a phase separation
during the curing reaction.

To overcome these problems a gradient oven was presented which allows one
to find rapidly the real phase separation gap for a given set of polymer and sol-
vent. These results may serve as general guidelines for the preparation of a wide
variety of solvent-modified and macroporous thermosets with tailored mor-
phologies via CIPS.

Within the following section it is intended to identify the phase separation
mechanism and morphology development and to investigate the effect of reac-
tion parameters on pore size and distribution.

Fig. 16. Free energy curves for hexane-, octane-, and decane-modified epoxies at a constant
temperature (T=315 K) and conversion (q=0)
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4
Morphology Development of Solvent-Modified and Macroporous Epoxy 
Networks Prepared via CIPS

If hexane is used as the low molecular weight liquid, the desired phase separa-
tion is observed when precursor mixtures containing 6–15 wt % hexane are
cured isothermally at 40 ˚C. Further discussion of the phase separation behavior
requires more detailed consideration of the schematic phase diagram, as pre-
sented in Fig. 17, which resembles the real phase diagram shown in Fig. 13. Ex-
perimentally it is found, that no phase separation occurs with hexane concentra-
tions equal to or lower than 5 wt %. Hence the critical amount for phase separa-
tion, fp, is given by the intercept of the binodal line and the imaginary value of
qnucl. Hence no phase separation occurs if qnucl is reached before the metastable
region is entered.

If hexane is chosen as the solvent, it has been found experimentally that the
curing temperature is limited to temperatures below 50 ˚C to maintain homoge-
neous samples. It is believed that the exothermic heat development during the
curing reaction locally can create temperatures exceeding the boiling point of
hexane (68 ˚C at ambient pressure), when the isothermal curing temperature
approaches the boiling point of the solvent. Upon isothermal curing at 40 ˚C,
samples with concentrations of 5 wt % hexane or lower stay transparent and no
sign of separated domains can be detected even with transmission electron mi-
croscopy. This corresponds to situation A in Fig. 17. Phase separation resulting
in the formation of white, opaque samples is only observed at concentrations

Fig. 17. Schematic phase diagram explaining the phase separation behavior observed dur-
ing the curing of epoxies in the presence of hexane
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Fig. 18a–b. Scanning electron micrographs on cryo fractured surfaces of: a macroporous
epoxy prepared with 6 wt % hexane via the CIPS technique showing a narrow size distribu-
tion; b macroporous epoxy prepared with 7.5 wt % hexane via the CIPS technique showing
a narrow size distribution. Reprinted from Polymer, 37(25). J. Kiefer, J.G. Hilborn and
J.L. Hedrick, “Chemically induced phase separation: a new technique for the synthesis of ma-
croporous epoxy networks” p 5719, Copyright (1996), with permission from Elsevier Science

(a) 6 wt% hexane

(a) 7,5 wt% hexane
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Fig. 18c–d. c epoxy prepared with 10 wt % hexane via the CIPS technique showing a bimo-
dal size distribution; d epoxy prepared with 15 wt % hexane via the CIPS technique showing
a bimodal size distribution

(c) 10 wt% hexane

(d) 15 wt% hexane
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above 6 wt % hexane. Hence, fp (hexane, 40 ˚C) is found experimentally from
isothermal curing experiments to be situated between 5 and 6 wt % hexane.

The morphology of a fractured surface of a solvent-modified and macropo-
rous epoxy networks was investigated by scanning electron microscopy (SEM).
The fracture is influenced by the presence of voids leading to a rough fracture
surface not representing a planar cut through the sample. Furthermore it can be
argued, that the voids may have been fractured at the center, the bottom, or the
top. Hence the domains seen with SEM on the fracture surface would deviate
from the true size of the voids in such a manner that the void sizes observed are
slightly smaller than the true sizes. However, it can be assumed that the fracture
path passes through the meridian of the voids. This conclusion has been drawn
from finite element analysis results on a circular hole in a polycarbonate plate,
which predict the highest stresses to occur at the equator of the void, where the
formation of shear bands starts [94]. Thus at this stage image analysis per-
formed on fracture surfaces with SEM may provide a resonably good represen-
tation of the real size and distribution, at least allowing us to compare different
systems and conditions.

SEM micrographs of macroporous epoxy networks prepared with concentra-
tions above fc, such as 6 and 7.5 wt % hexane, are shown in Fig. 18a,b. It can
clearly be seen that a closed cell morphology, including a narrow pore size dis-
tribution, has been achieved. These SEM micrographs indicate an increase in
pore size, pore size distribution, and volume fraction with increasing amount of
hexane once the critical concentration necessary for phase separation has been
passed. These situations, resulting in the formation of a narrow pore size distri-
bution corresponding to lines B and C, are represented in the schematic phase
diagram (Fig. 17).

A further increase in the amount of solvent leads to the development of a bi-
modal pore size distribution, as observed with SEM on samples prepared with
concentrations of 10–15 wt % hexane (Fig. 18c,d). Similar bimodal distributions
have also been reported with the octane and decane based systems [88, 89] as
well as in in rubber-modified epoxies prepared via phase separation [67, 95–98].

4.1
Image Analysis of Macroporous Epoxy Networks

Image analysis allows one to determine the size distributions of macroporous
epoxies most correctly. This analysis include the number of pores, n, medium
pore diameter assuming spherical domains, d, and the inter pore distance, IPD,
which is an artificial value taking into account the average distance between the
domains. In the following, it is intended to discuss further the validity of image
analysis, which is usually performed analogously on fracture surfaces of tough-
ened thermosets.

The particle diameters, di, of each particle are calculated from the detected
particle surface, Si, assuming that the particles are spherical, and that the ob-
served surface represent the maximum surface resulting from a cut, thus being
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equal to pr2. An average particle diameter, d, is then automatically calculated ac-
cording to:

(28)

The pore size distributions calculated from image analysis of the sample with
6 and 7.5 wt % hexane are plotted in Fig. 19a, clearly showing a narrow size dis-
tribution and an increase of pore size with increasing hexane concentration.
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Fig. 19a,b. Pore size distributions obtained from image analysis on SEM micrographs show-
ing: a narrow size distributions; b bimodal size distributions
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Shown on the ordinate is the relative number of pores calculated as the percent-
age of the pore number for each class divided by the total number of pores. It can
be seen that the maximum of the histogram decreases with increasing hexane
concentration. This indicates that the pore size distribution becomes larger with
increasing amount of solvent. This behavior can be explained regarding Fig. 17.
For higher concentrations, the metastable region is entered at lower conversions.
Therefore the domains have a longer time to grow and coalesce.

The image analysis clearly reveals the existence of a bimodal pore size distri-
bution as seen from Fig. 19b, which has been suggested from the SEM micro-
graphs. It can be seen that the domain size and size distribution of the large do-
mains increase with the initial solvent concentration, whereas the size of the
small domains remains unchanged. It should also be mentioned that the size
distribution is not truly bimodal although consisting of two separated peaks.
One detects pores with sizes in between the two peaks. Even though, the percent-
age of these domain sizes become very small it does not reach zero. Discussion
of the kinetics of the phase separation will yield an explanation for this observa-
tion, as will be shown in the next section.

Digital image analysis directly gives the size distributions and a mean diam-
eter, d. All other morphological characteristics are calculated with this mean di-
ameter and the model shown in Fig. 20.

According to Fig. 20, the volume fraction should be calculated according to

(29)

Therein A is the total surface area, which has been scanned. The symbol t rep-
resents a measure for the surface depth or roughness, where the information is
obtained from. The exact value of this surface roughness cannot be obtained

Fig. 20. Simplified model to calculate morphological characteristics with the mean diame-
ter obtained from image analysis
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from the SEM micrograph. The classical method for the calculation of further
characteristics, such as the inter-pore distance, IPD, and volume fraction, f, is
based on the simplification that all the pores that are measured result from a
depth that equals the diameter. This assumption greatly simplifies the calcula-
tions, but no estimations on the error are found in the literature.

With t=d, the volume fraction f reduces to

(30)

Image analysis also allows one to calculate the pore concentration, c, in mil-
lions per cubic mm (106/mm3) according to

(31)

Equation (31) is only valid if the surface area, A, is given in µm2 and t in µm.
The calculation of the inter-pore distance derives from the assumption that

the total volume is equal to the product of the number of pores and the cube of
T, being the distance between the centers of two domains, as represented in
Fig. 20 .

With

(32)

and

T=IPD+d (33)

the inter-pore distance, IPD, which is also called surface-to-surface distance, be-
comes

 (34)

It should be emphasized that a correct calculation of the IPD requires the
knowledge of the volume fraction of the dispersed phase. In the classical meth-
od, the calculation of the volume fraction is always based on the simplification
that the surface roughness, t, equals the pore diameter (Eq. 30). This simplifica-
tion can introduce considerable errors into the calculated value of the IPD. This
might have drastic consequences for the validity of Wu’s theory, which describes
the IPD as the main morphological parameter being responsible for the im-
provement of toughness [99]. SEM can be used to get a better indication of the
surface roughness. Therefore the samples were tilted in such manner that the an-
gle between the incident electron beam and the surface becomes very small.
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Such tilted photos are shown in Fig. 21 for a sample showing (a) narrow and (b)
bimodal size distribution. However such micrographs do not allow one to deter-
mine t precisely.

Fig. 21a,b. SEM micrographs showing the surface roughness of macroporous epoxy net-
works prepared with hexane via CIPS displaying: a narrow size distribution (7.5 wt % hex-
ane); b bimodal size distribution (15 %wt hexane)

(a)

(b)
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Macroporous epoxies prepared via the CIPS technique represent an alterna-
tive for determining the volume fraction, f, very accurately from the densities of
the porous material, rpor, and the neat, fully crosslinked matrix, r, according to

(35)

Together with the value of d determined with image analysis, this then allows
one to calculate the IPD directly from Eq. (34) without the need for any simpfli-
cation and to evaluate the roughness t from Eq. (32) as

(36)

Interestingly, the values for volume fraction and IPD calculated via the classi-
cal method or via the density values differ significantly. These data are compared
in Table 2 for the macroporous epoxies prepared with 6 and 7.5 wt % hexane dis-
playing a narrow size distribution. A reasonable agreement for the density val-
ues exists, but the tendency for the IPD values is quite different. These two single
values are, however, not sufficient to draw any conclusion concerning the error
introduced by the simplification that t=d.

Image analysis for bimodal distributions is more complicated. With the clas-
sical method, the determination of the penetration depth, t, is critical, as one
does not know whether to take the value of the larger or the smaller pores, or an
intermediate one.

Table 2. Comparison of volume fraction and inter pore distance, IPD, for macroporous 
epoxies prepared with 6 and 7.5 wt % hexane via the CIPS technique calculated either with 
the classical method from SEM micrographs or based on density measurements

wt % hexane fdensity fSEM IPDdensity IPDSEM

6 2.05 1.71 3.91 4.28
7.5 1.96 2.72 4.91 4.15

Table 3. Morphological characteristics of macroporous epoxies prepared via CIPS with var-
ious amounts of hexane showing either a monomodal or bimodal distribution

wt% 
hexane

Type of 
distribution

A
(µm2)

n d
(µm)

f
(%)

IPD
(µm)

t
(µm)

c
(106/mm3)

  6 Narrow 20,9 169   2.01   2.05 3.9   1.7 4.82
  7.5 Narrow 21,7 185   2.47   1.96 4.9   3.4 2.48
10 Bimodal 75,6 452   5.3   9.3 4.1   6.6 0.01
12.5 Bimodal 36,5 312 13.2 11.2 8.6 12.8 0.003
15 Bimodal 95,1 206   6.8   8.9 5.1 10.4 0.54
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The calculation of the IPD in bimodal size distributions requires the value of
the volume fraction as well as the number fractions x1 and x2 and the mean di-
ameters of the smaller and the larger domains d1 and d2. The IPD of a bimodal
distribution can be calculated [100] by iteration from

(37)

with

(38)

wherein n1 and n2 are the number of particles taken into account for one peak of
the bimodal distribution.

For macroporous epoxies the IPD can be determined from Eq. (37) by itera-
tion using the volume fraction from density measurements. This also allows
oneto determine the total volume, V, and consequently the pore concentrations,
Cbimodal, according to the following set of equations:

(39)

(40)

The mean diameter of a bimodal distribution is calculated from

(41)

The results of image analysis of macroporous epoxies showing a narrow and
bimodal pore size distribution are summarized in Table 3. The volume fraction,
f, is always calculated from density measurements. The validity of the data ob-
tained with digital image analysis is of utmost importance in order to draw cor-
rect conclusions concerning the structure-property relationships.

4.2
Phase Separation Mechanism in Hexane-Epoxy Systems

The previous discussion has shown that the CIPS technique allows one to pro-
duce macroporous epoxy networks with either a narrow or bimodal size distri-
bution. However, no indication has been given on the type of phase separation
mechanism to yield these morphologies. As discussed earlier, the formation of a
closed cell morphology can result either from a nucleation and growth mecha-
nism or from spinodal decomposition.
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The observation of a bimodal size distribution is the key to unravel the phase
separation mechanism with respect to the kinetics of the two types of phase sep-
aration processes.

Let us surmise a homogeneous nucleation. In that case the nucleation rate is
given by [101]

(42)

Therein N0 represents the number of nuclei at the start of phase separation, DGn
is the activation energy for the creation of a nuclei, and R and T are the gas con-
stant and absolute temperature, respectively. In the case of a thermosetting ma-
terial, the diffusion constant, D, is a complex function that depends on the tem-
perature and the viscosity, which itself changes with the continuous advance-
ment in crosslinking reaction and therefore with time. The integration gives rise
to an exponential decrease in the number of nuclei with time after the start of
phase separation [67].

The growth rate, characterized by the change of the radius with time, is pro-
portional to the driving force for the phase separation, given by the differences
between fc

2 , the chemical composition of the second phase in the continuous
phase at any time, and feq

2 , its equilibrium composition given by the binodal
line. The proportionality factor, given by the quotient of the diffusion constant,
D, and the radius, r, is called mass transfer coefficient. Furthermore the differ-
ence between the initial amount of solvent, f0, and feq

2  must be considered. The
growth rate is mathematically expressed by [101]

(43)

As the growth rate is inversely proportional to the domain radius, smaller do-
mains are able to grow faster than larger ones, thus giving rise to a narrowing of
the size distribution with time.

Based on Eqs. (42) and (43), the development of a narrow or bimodal size dis-
tribution can be qualitatively explained without the detailed knowledge of the
real phase diagram nor the exact dependency of the diffusion constant as a func-
tion of time. The final morphology depends mainly on the extent of reaction at
which the metastable region is entered and the difference between fp and f0, as
discussed below.

For concentrations slightly above fp, the metastable region is entered at high
conversions (lines starting from points B and C in Fig. 17). The composition re-
mains unchanged until the supersaturation becomes so high that the nuclea-
tion energy is exceeded. The nucleation then starts at points a' and c' in a high-
ly viscous surrounding. Even though the diffusion constant is low as a conse-
quence of the high viscosity, the initially formed small domains grow fast ow-
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ing to the proportionality of the growth rate with 1/r (Eq. 43). After a certain
period, the growth rate slows down close to zero due to two different contribu-
tions: first, as the composition approaches the equilibrium concentration, the
driving force for phase separation, given by fc

2 –feq
2 , tends to approach zero

and, second, as gelation, accompanied by a dramatic increase in viscosity, is
reached. This situation is responsible for the generation of narrow size distri-
butions at concentrations slightly above fp. The time evolution of the nuclea-
tion and growth rates corresponding to a narrow pore size distribution are
schematically shown in Fig. 22a. The trajectories shown in Fig. 17, which rep-
resent the composition change with increasing conversion, assume that a cer-
tain degree of supersaturation must be reached in order to overcome DGn.
Once the nucleation starts – at points a' and c' – the composition tends towards
the equilibrium concentration with the simultaneous increase in conversion.
Such trajectories have been calculated by Moschiar et al. [72] and Rozenberg et
al. [97] in dependence of the interfacial tension between modifier and matrix
material, but should occur much more easily here where the modifier is a sol-
vent.

At higher concentrations of hexane, the metastable region is entered at lower
conversions, hence lower viscosity. As the nucleation starts at the point d', the
diffusion constant is high, leading to a very fast growth of the separated domains
immediately after the start of the phase separation. This allows the system to
reach the equilibrium concentration after a rather short period. Consequently,
the driving force for the phase separation, given by fc

2–feq
2, becomes nearly ze-

ro, and the growth rate is considerably slowed down well before gelation. At this
time, however, nucleation is still active, as shown in Fig. 22b, representing the

Fig. 22a,b. Nucleation rate (N) and growth rate (G) resulting in: a narrow size distribution;
b bimodal size distribution



206 J. Kiefer, J.L. Hedrick, J.G. Hilborn

corresponding nucleation and growth rates. After reaching the equilibrium con-
centration, the system can again become unstable, thus creating a second gener-
ation of nuclei at the imaginary composition d''. These nuclei are still able to
grow relatively fast (owing to the proportionality of the growth rate with 1/r
(Eq. 43), but their final size will remain smaller than for the droplets formed in
the early stage of phase separation. This finally leads to a bimodal distribution.
This behavior is schematically represented by the trajectory starting from point
D in Fig. 17. The ongoing nucleation, which never stops between the two nucle-
ation events, leads to the observation that the percentage of pores before the sec-
ondary nucleation becomes small but not zero. A very similar phase separation
model has been proposed by Vazquez and coworkers [67]. Based on this phase
separation model we conclude that the phase separation resulting in a bimodal
distribution proceeds via a nucleation and growth mechanism. The develop-
ment of such a bimodal distribution cannot be explained with regard to the ki-
netics of spinodal decomposition, which has been investigated by Inoue [93]
and Char et al. [102].

Another characteristic concentration in Fig. 17 is point E, which gives the sol-
ubility limit of the solvent in the unreacted precursor mixture. If the solvent con-
centration exceeds this solubility limit, demixing occurs in the initial state.

To summarize, we conclude that a chemical quench at low curing tempera-
tures leads to a continuous and smooth transition from the stable to the metast-
able region and therefore favors a nucleation and growth mechanism. In such a
case the composition approaches the binodal line in order to achieve thermo-
dynamic equilibrium and it automatically turns away from the spinodal de-
composition region. Therefore the CIPS technique allows for the synthesis of
macroporous thermosets with controlled morphologies providing either nar-
row or bimodal size distributions. In contrast, spinodal decomposition phe-
nomena have been reported very often as a consequence of a temperature
quench, especially in systems exhibiting a UCST behavior, where the exact
phase diagram is not known in advance and the spinodal region is often en-
tered.

4.3
Influence of Reaction Parameters on the Morphology of Cyclohexane-Modified Epoxy 
Networks Prepared via CIPS

Phase separation has first been observed by using hexane or cyclohexane as sol-
vents [49, 50]. If cyclohexane is used as the solvent, the desired phase separation
is observed at concentrations ranging from 14 wt % to around 25 wt % cyclohex-
ane at a curing temperature of 40 ˚C. It is obvious, that the nature of the solvent
has a great influence on the onset of phase separation, fp. The influence of the
nature of the solvent, expressed by the solubility parameter, has already been
discussed in Sect. 3. This section will be limited to discussing the influence of
solvent concentration, curing temperature, drying procedure, and reaction rate
on the morphology.
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4.3.1
Influence of Solvent Concentration

Experimentally fp (cyclohexane, 40 ˚C) was found to be 13–14 wt % cyclohex-
ane based on isothermal curing experiments [49, 50]. Regardless of the large dif-
ference in fp, the morphologies that are obtained by using either cyclohexane or
hexane as solvent are very similar at concentrations slightly above fp.
Figure 23a,b shows the SEM micrographs of samples cured isothermally at T=
40 ˚C with 15 wt % and 20 wt % cyclohexane respectively. It can be seen that a
closed cell morphology, including a narrow size distribution, is achieved.

The SEM micrographs reveal that the pore size and the volume fraction in-
creases with increasing amount of solvent. This qualitative result is also con-
firmed by image analysis performed on an average of around 150–250 pores,
clearly showing the expected increase of pore size with increasing amount of cy-
clohexane (Fig. 24). This phenomenon has been observed in any polymer-sol-
vent system studied here.

The plot of the diameter vs the relative number of pores also provides useful
information on the size distribution. A broadening of the size distribution will
then give a reduction of the peak height. In contrast to the hexane system, no bi-
modal distribution is detected up to the solubility limit of cyclohexane at 25 wt %.

Fig. 23a. SEM micrographs of macroporous epoxy networks prepared via CIPS with
15 wt % cyclohexane at a curing temperature of 40 ˚C. Reprinted from Polymer, 37(25). J.
Kiefer, J.G. Hilborn and J.L. Hedrick, “Chemically induced phase separation: a new tech-
nique for the synthesis of macroporous epoxy networks” p 5721, Copyright (1996), with
permission from Elsevier Science
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Fig. 23b. SEM micrographs of macroporous epoxy networks prepared via CIPS with 20 wt %
cyclohexane at a curing temperature of 40 ˚C

Fig. 24. Pore size distributions of macroporous epoxies prepared via CIPS with cyclohexane
obtained from image analysis
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In comparison to the results obtained for the samples prepared with hexane,
it can be concluded that the mean pore size and volume fraction do not depend
on the initial concentration of the solvent, f0, but mainly on the difference be-
tween f0 and fp (Fig. 25). Similar qualitative results are also reported for rubber-
modified epoxies prepared via reaction induced phase separation [103].

4.3.2
Influence of Curing Temperature

The influence of curing temperature and concentration of cyclohexane on the
phase separation behavior resulting from isothermal curing experiments is
summarized in Fig. 26. It is seen that the critical amount for phase separation,
fp, is lowered by decreasing the curing temperature which is characteristic for
UCST behavior. The fp values give a phase separation line which forms a bound-
ary between the regions of opaque and transparent samples. By comparing
Fig. 26 and Fig. 10, one finds that nearly identical results are obtained using ei-
ther the gradient oven or isothermal experiments to construct the phase separa-
tion line.

With respect to this temperature dependence, it is then intended to find out
whether it is possible to lower the pore size by approaching the phase separation
line in Fig. 26. In one series of experiments a constant cyclohexane concentra-
tion of 20 wt % is chosen and samples of identical composition are cured iso-
thermally at temperatures ranging from room temperature to 120 ˚C. Phase sep-
aration occurs at curing temperatures equal to or below 104 ˚C, and transparent

Fig. 25. Mean pore diameter, d, of macroporous epoxies prepared via CIPS with different
solvents. f0–fp gives the difference between initial solvent concentration and critical sol-
vent concentration for phase separation
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samples are obtained by curing at temperatures above 105 ˚C. Thus the bound-
ary is determined very precisely for this composition. Figure 27 shows the SEM
micrograph of the sample prepared at 104 ˚C, exactly at the point where the start
of phase separation should occur quasi simultaneously at the moment where the
nucleation is suppressed, qnucl (see Fig. 17). Pores with diameters ranging from

Fig. 26. Influence of isothermal curing temperature on the phase separation behavior of
macroporous epoxies prepared via CIPS with cyclohexane

Fig. 27. SEM micrograph of macroporous epoxy prepared with 20 wt % cyclohexane cured
at T=104 ˚C. Reprinted from Polymer, 37(25). J. Kiefer, J.G. Hilborn and J.L. Hedrick,
“Chemically induced phase separation: a new technique for the synthesis of macroporous
epoxy networks” p 5723, Copyright (1996), with permission from Elsevier Science
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around 1 µm to 6 µm appear. It seems that the smallest domains are inhibited
from growing further. In a second series of experiments, samples with different
cyclohexane concentrations are prepared and cured isothermally at 40, 80, or
120 ˚C and the critical amount for phase separation is determined with an accu-
racy of 1 wt %. Both attempts to approach the phase separation line by either in-
creasing the curing temperature for a constant concentration or raising the con-
centration for a given curing temperature did not allow for the preparation of
macroporous epoxies having pore diameters substantially less than 1 µm [85],
although it is generally assumed that the critical size for nucleation is typically
less than 10 nm.

It is still questionable whether the end of phase separation or qnucl is linked to
gelation or vitrification, and if a limited growth of the separated domains in the
gelled or glassy state is still possible. Within their investigations on the phase
separation behavior in rubber-modified epoxies, several research groups have
come up with experimental evidence for the assumption that phase separation
is still possible after gelation [66, 104–106]. Based on the above morphological
observations, we conclude that, for our particular system, a time delay between
the limit for nucleation, qnucl, and the end of phase separation must exist, thus
allowing the nuclei to grow to around 1 µm.

4.3.3
Influence of Drying Procedure

After phase separation, the creation of an isolated porous morphology is
achieved by holding the sample at a temperature in the rubbery state, thus ena-
bling for high diffusion rates well above the boiling point of the solvent. On the
other hand the temperature must kept below the decomposition temperature of
the network. Thus removal of the low molecular weight liquid is achieved by

Fig. 28. Weight loss of epoxies prepared with 20 wt % cyclohexane before and after the dry-
ing procedure measured with TGA
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heating the samples above T ¥
g  of the neat matrix (T ¥

g =170 ˚C) at a temperature
of 200 ˚C for 120 h. The complete solvent removal is verified with thermogravi-
metric analysis (TGA). Figure 28 shows the weight loss of samples prepared via
CIPS at T=80 ˚C with initially 20 wt % cyclohexane prior to and after the drying
procedure. The TGA measurement of the sample prior to drying clearly shows a
weight loss of 20%, identical with the initial amount of solvent added, up to the
onset of decomposition reactions at temperatures above 350 ˚C. Thus no solvent
loss occurs during the preparation of the phase separated samples in the closed
tubes. Furthermore it can be concluded, that temperatures above T ¥

g  are re-
quired to enable solvent removal. After the thermal drying, no weight loss is de-
tected with TGA below the decomposition temperature, and hence the drying is

Fig. 29. Weight loss of cyclohexane modified epoxies by holding at T=200 ˚C

Fig. 30. Size distribution of solvent modified and macroporous epoxies prepared via CIPS
with different types and amounts of solvent before and after the drying procedure
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complete. As the drying is performed via a diffusion process, the time for drying
depends on the drying temperature, the crosslink density of the network, the
molecular structure of the liquid, and the sample dimensions. For samples with
co-continuous morphology the drying is simple and rapid since solvent may
leave through the channels of the pores.

The solvent removal can also be followed by gravimetric analysis of the
weight loss. This method is used to determine the time necessary for complete
solvent removal. Shown in Fig. 29 are such drying curves for 5 mm diameter cy-
lindrical samples prepared with 16 wt % and 20 wt % cyclohexane. It is seen that
most of the solvent is removed within the first day. However, the samples are held
for an additional four days to achieve a porous structure with minimal amount
of residual solvent.

SEM including image analysis is performed prior to and after the thermal re-
moval of the liquid phase to investigate the influence of the drying process on the
morphology. Typical size distributions of epoxies showing a narrow size distri-
bution prepared with different amounts of hexane and cyclohexane are shown
in Fig. 30. These investigations show no significant change in morphology, and
thus neither ripening, coarsening, nor collapse of the dispersed domains occur
during the drying procedure. Hence the pore size and size distribution is prede-
termined by the morphology generated during the phase separation process,
knowing that the matrix must shrink upon removal of the solvent contained in
it after phase separation.

4.3.4
Influence of Reaction Rate

It was concluded in Sect. 4.2 that the phase separation proceeds via a nuclea-
tion and growth mechanism. Consequently the domain size depends on the
competing effects between the growth rate and the reaction rate to build the
highly crosslinked network. Thus the morphology development is closely linked
to reaction kinetics. Hence the question arises whether the pore size might be
further lowered by increasing the reaction rate. Clearly this might be achieved
by increasing the reaction temperature. However it should be kept in mind that
a change in reaction temperature automatically effects the onset of phase sepa-
ration. We were looking to change the reaction rate without affecting the ther-
modynamics. Therefore we have selected a catalyst which only speeds up the re-
action rate and does not change the phase separation gap at a catalyst concen-
tration of 1 wt % [85]. As the morphology should be controlled by changing the
curing kinetics, this process is called kinetically controlled CIPS.

Isothermal differential scanning calorimetry (DSC) measurements were car-
ried out to investigate the curing kinetics [85]. Conversion vs time curves of
DGEBPA-PACP systems prepared with 1 wt % of catalyst and without catalyst at
identical curing temperature are overlaid in Fig. 31.

It can be clearly seen that the reaction proceeds considerably faster when 1 wt
% catalyst is added to the precursor mixture. The influence of solvent concentra-
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Fig. 31. Influence of catalyst on reaction rate

Fig. 32. Pore size distribution of macroporous epoxies prepared via kinetically controlled
CIPS with 1 wt % catalyst

Fig. 33. Influence of catalyst on mean pore diameter
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tion on the curing process has not been tested with isothermal DSC measure-
ments to avoid damage of DSC apparatus. Image analysis on an average of
around 400 pores has been performed on systems prepared with 1 wt % catalyst
and compared to data obtained on identical systems prepared without catalyst
at equal curing temperatures (T=40 ˚C). The pore size distribution of systems
prepared with kinetically controlled CIPS with 1 wt % catalyst and cyclohexane
concentrations of 14–22 wt % is shown in Fig. 32. In perfect agreement with the
results of Sect. 4.3.1, an increase in mean pore size and broadening of size distri-
bution is observed with increasing cyclohexane concentration.

Plotted in Figs. 33–35 are variations of morphological characteristics such as
mean diameter, pore concentration, and IPD as a function of the volume frac-
tion. It is clearly seen that the use of a catalyst allows to greatly change the mor-
phological characteristics. The diameter increases almost linearly with the vol-

Fig. 34. Influence of catalyst on pore concentration

Fig. 35. Influence of catalyst on interparticle distance (IPD)
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ume fraction and the use of 1 wt % catalyst leads to a reduction in pore size of
more than 50% (Fig. 33). The decrease in pore concentration with increasing
volume fraction is a direct consequence of a coalescence mechanism, which is
driven by the reduction of surface energy. The pore concentrations of macropo-
rous epoxies prepared with 1 wt % catalyst via kinetically controlled CIPS is sub-
stantially higher than in the uncatalyzed sytem (Fig. 34).

Very interestingly, the IPD is found to show practically no or very little de-
pendence on the volume fraction and only depends on the reaction rate (Fig. 35).
Here the IPD is calculated from the mean diameter taken from image analysis
and the volume fraction, which has been determined directly from the porosity
of these macroporous thermosets. Both values could be determined experimen-
tally with high accuracy and no simplifications are needed for the calculations.

4.4
Characteristics of Epoxy Networks Prepared with Hexane and Cyclohexane via CIPS

The influence of the drying procedure on the density, both prior to and after
evaporation of the low molecular weight liquid, is plotted in Fig. 36 for samples
cured with various amounts of cyclohexane. It can clearly be seen that, after dry-
ing, a considerable drop in density results from the formation of a porous mor-
phology at concentrations above fp. However, practically no decrease in density
is measured after the drying of transparent samples. In this case, the low molec-
ular weight liquid is not involved in the formation of separated domains and af-
ter drying the fully crosslinked network is achieved by solvent evaporation from
the matrix. Therefore the density of transparent samples increases during the
drying process and approaches the value of the fully crosslinked network
(1.123 g/cm3). Similar results are also obtained for macroporous epoxies pre-
pared with hexane as shown in Fig. 37.

Prior to drying, the solvent dissolved in the matrix has a plasticizing effect,
thus lowering the Tg of the crosslinked product. This is shown in Fig. 38 where

Fig. 36. Density of epoxy networks prepared via CIPS with cyclohexane before and after the
drying procedure
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the Tg, taken from dynamic mechanical analysis (DMA) measurements [49], is
plotted against the solvent concentration both prior to and after thermal remov-
al of solvent-modified and macroporous epoxies prepared with cyclohexane.
Amazingly, no lowering of final Tg is observed after the drying procedure, even
at initial high amounts of cyclohexane. Thus, the final Tg of the matrix is inde-
pendent of the initial amount of solvent and T ¥

g  of the neat matrix can be
reached upon drying. This also shows that solvent removal is completed and an
eventual post curing is realized simultaneously with the drying procedure. CIPS
therefore allows for the synthesis of macroporous thermosets without lowering
the thermal stability of the fully crosslinked network. This is in contrast to rub-
ber-modified epoxies, where the network modifier fraction, which is not in-
volved in the phase separation, remains dissolved in the epoxy matrix after cure
and hence leads to a decrease in Tg.

Fig. 37. Density of epoxy networks prepared via CIPS with hexane before and after the dry-
ing procedure

Fig. 38. Glass transition temperature of epoxies prepared with cyclohexane via CIPS before
and after the drying procedure



218 J. Kiefer, J.L. Hedrick, J.G. Hilborn

As a conclusion to this section on morphology development it can be said that
CIPS allows for the preparation of macroporous epoxies with controlled mor-
phology and closed pores with diameters of 1–10 µm. The pore size distribution
is predetermined by the phase separation process and can be altered by carefully
adjusting the internal and external reaction parameters to obtain either a nar-
row size distribution or a bimodal size distribution. The appearance of a bimo-
dal size distribution clearly indicates that the phase separation proceeds via a
nucleation and growth mechanism rather than via spinodal decomposition. The
nucleation and growth mechanism is favored by low reaction rates, thus ena-
bling for a smooth transition from the stable into the metastable region. The
phase separation behavior strongly depends on the chemical nature and amount
of solvent, as well as on the curing temperature. The nature of the solvent influ-
ences the critical amount for phase separation, fp. The pore size and volume
fraction depend mainly on the difference between the initial amount of solvent
and fp. Pore size and volume fraction increase with the solvent concentration
once fp has been passed. Lowering the curing temperatures enables one to lower
fp for the epoxy-cyclohexane system which is typical for UCST behavior. Mor-
phological characteristics such as pore size, pore concentration, and IPD can be
significantly varied simply by using a catalyst which speeds up the curing reac-
tion without affecting the phase separation gap. Thermal removal of the solvent
affects neither the size nor distribution and acts as a simultaneous post curing,
and hence T ¥

g  is independent of the initial amount of low molecular weight liq-
uid. Macroporous epoxies prepared via CIPS are characterized by considerably
lower density without any other alteration of the crosslinked matrix.

In the next section we will examine the influence of phase separation on the
toughness of solvent-modified and macroporous epoxies prepared via CIPS.

5
Toughness of Solvent-Modified and Macroporous Epoxies Prepared via CIPS

The enhancement of toughness is of the utmost importance to render thermo-
setting polymers (which are inherently brittle owing to their high crosslink den-
sity) suitable for industrial applications. Since the pioneering work of Sultan and
McGarry published in 1973 [107], who discovered that dispersed rubber parti-
cles can substantially enhance the toughness of highly crosslinked epoxy net-
works, an overwhelming number of research projects has been devoted to opti-
mize the morphology with the target to maximize the efficiency of the dispersed
phase for toughening. It is well known that the toughenability is largely influ-
enced by the crosslink density of the thermosetting network, and that a lowering
of the crosslink density leads to an increase in toughenability [108–112]. On the
other hand, a lowering of the crosslink density leads to a reduction in stiffness,
strength, and thermal stability of the matrix material [113, 114]. Very often these
properties determine the selection of the appropriate precursors to form a high-
ly crosslinked matrix needed to meet the requirements. Consequently it be-
comes necessary to enhance the toughness for a given matrix material. Any
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strategy to tailor morphology in order to optimize toughness requires a detailed
understanding of toughening micromechanisms. Several theories have been
proposed and rejected within the last two decades, and the contribution of indi-
vidual micromechanisms to the overall toughness is still a subject of intensive
research and vital discussions.

In the following, we will discuss toughening of thermosets and focus partic-
ularly on the role of cavitation. The most widely accepted model of toughening
micromechanisms in thermosets goes back to ideas of Garg and Mai [115] as
well as Huang and Kinloch [116]. This model is schematically redrawn in Fig. 39
and summarizes the multiple events found ahead of a crack tip in the plastic
zone of toughened thermosets. It becomes obvious, that numerous parameters
exist which can effect the toughness such as

– nature of particles
– particle dispersion
– particle adhesion
– particle size
– volume fraction
– interparticle distance
– cavitation.

Two different approaches for toughening are most frequently used to achieve
the desired two-phase morphology. The first is based on a phase separation
process, where a rubbery or thermoplastic phase starts to phase separate during
the curing reaction, identical to the CIPS technique, to produce solvent-modi-
fied and macroporous thermosets presented in this work. The thermodynamic
origins of the phase separation process and the influence of internal and exter-
nal reaction parameters have been studied extensively for various types of ther-
moplastic [74, 117] and rubber-modified epoxies [66, 67, 69, 71] as well as for
other classes of thermosets such as cyanurates [118] or polyesters [119]. This al-
lows one to control the morphology and to enhance the mechanical properties
[68, 120]. However, the generation of a two-phase structure via phase separation
usually leads to a reduction in thermal stability owing to the amount of modifier
remaining in the matrix. This problem can be overcome by using high Tg-ther-

Fig. 39. Micromechanism of toughening encountered in thermoset
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moplastics as modifier, which in turn increases the costs [121–125]. One further
inconvenient of toughened thermosets which are prepared via phase separation
is the fact, that the morphological characteristics such as the particle size and
volume fraction cannot be varied independently. Furthermore, this process re-
quires accurate control of modifier concentration and curing temperature to
achieve reproducible results.

As an alternative to reaction induced phase separation, preformed particles
can be mixed into the precursor mixture. These so-called core-shell particles are
prepared via emulsion polymerization [126, 127] and therefore have very nar-
row size distributions. Consequently it becomes possible to vary the size and
volume fraction independently, thus leading to materials with tunable morphol-
ogies. However the mixing with preformed particles introduces an additional
parameter, which is the particle dispersion, itself strongly depending on the
mixing conditions and particle surface chemistry. Generally the surface of these
modifiers is chemically designed in order to achieve good adhesion to the ma-
trix and simultaneously avoid particle agglomeration. Compared to to previous
strategies to achieve optimum dispersion of core-shell particles, very recent in-
vestigations show better toughenability if no surface modification is realized
[98, 128–130]. In these cases the higher toughness is attributed to a larger plastic
zone size, which is observed in systems clearly showing local agglomerations.
This observation is very interesting because these local agglomerations are in-
terconnected to form a network-like structure very similar to interpenetrating
polymer networks (IPN). Such IPNs proved to be very effective for toughening
PMMA and these systems showed practically no rate dependence of toughness
with a small amount of modifier [131]. These recent results demonstrate that
much more investigation is needed to understand the influence and importance
of particle dispersion for toughening.

After the pioneering work of Sultan and McGarry, it was claimed that the mul-
tiple stretching and fracture of rubbery inclusions in front of the crack tip, called
rubber bridging or rubber tearing, is the major mechanism responsible for high
energy consumption and consequent increase in toughness [132]. However, sim-
ilar toughening effect can also be achieved with rigid inclusions, such as glassy
thermoplastic particles [111, 133–135] or even glass beads [136, 137] and ceramic
particles [138], which do not allow for plastic deformation themselves. The de-
sired toughening effect is also found using particles composed of hyperbranched
molecules [139, 140] or epoxidized soybean oil [141] phase separating to dis-
persed domains. Hence the nature of dispersed particles does not play the pre-
dominant role for toughening. Recently Huang and Kinloch presented mathemat-
ical models to calculate the contribution of individual micromechanisms to the
overall toughness and concluded that rubber bridging plays a secondary role for
toughening and becomes only important, when the ability of the matrix to under-
go plastic deformation is suppressed [116]. Nowadays it is generally accepted that
the multiple formation of shear bands is a necessary condition for toughening and
shear banding is considered as the most important toughening mechanism. Then
the question arises of the origin and the reason for generating shear bands.



Macroporous Thermosets by Chemically Induced Phase Separation 221

The occurrence of shear banding seems to be closely related to cavitation
which results either from interfacial debonding or from internal cavitation. The
phenomenon of cavitation has been recognized since the original work of Sultan
and McGarry. This cavitation was first thought to be unlikely and considerable
efforts were undertaken to use end-functionalized rubbers that can react with
the thermosetting matrix to give a chemical bonding at the interface, thus avoid-
ing interfacial debonding. However such a treatment to enhance the adhesion
also favors the miscibility between the rubbery phase and the matrix. This auto-
matically leads to lower domain sizes and lower volume fractions for identical
amounts of non-functionalized and functionalized particles [142]. The most
common reactive liquid rubbers used for toughening via reaction induced phase
separation are carboxyl terminated (CTBN) [143–146] or amino terminated
butadienes (ATBN) [105, 147–149]. Despite the considerable improvement of in-
terfacial adhesion, no significant changes in toughenability are obtained from
these approaches [150, 151]. If the interfacial debonding is chemically sup-
pressed owing to surface modification, cavitation can occur internally.

Bucknall relates the cavitation resistance to the modulus and the size of the
dispersed phase. These calculations show that the cavitation resistance increases
with decreasing particle size [152–154]. Furthermore, it was found that the cav-
itated particles are aligned in the plastic zone to give a craze-like damage zone.
This phenomen has been called croiding [155] in toughened epoxies or dilata-
tional bands [154] in rubber-modified thermoplastics. Experimentally it is
found that a critical particle size exists where the cavitation is suppressed. Sev-
eral research groups observed that no toughening occurs if the second phase
particles become smaller than 150–200 nm [154, 156, 157]. This is in agreement
with theoretical considerations which predict that this is a lower critical size to
induce cavitation [152]. Bucknall claims that the cavitation should occur just
prior to yielding to achieve the best toughening effect in thermoplastic polymers
and calls this “just in time cavitation” [158, 159].

While the surface modification is not effective to suppress cavitation, Yee and
coworkers performed an experiment to suppress the cavitation mechanically in
a rubber-modified epoxy network. They applied hydrostatic pressure during
mechanical testing of rubber toughened epoxies [160]. At pressures above 30–
38 MPa the rubber particles are unable to cavitate and consequently no massive
shear yielding is observed, resulting in poor mechanical properties just like with
the unmodified matrix. These experiments proved that cavitation is a necessary
condition for effective toughening.

In addition to the cavitation process related to the presence of a dispersed
phase, the formation of voids in the plastic zone has been observed to occur also
in the matrix phase. Kinloch and Huang stated that the plastic void growth suc-
ceeding cavitation also contributes to energy absorption and might become as
important as the shear banding, especially at fairly elevated temperatures [161].

Several groups tried to unravel whether the cavitation occurs before or after
the onset of plastic deformation. Real-time small angle X-ray scattering [162]
and light scattering [163, 164] techniques were used to study the deformation of
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rubber-modified thermoplastics in situ. All these groups conclude that the cav-
itation and deformation of glassy ligaments between the rubber particles
(“micronecking”) precedes crazing, which is considered as the most important
toughening mechanism in thermoplastic polymers. These studies were realized
on rubber toughened thermoplastics and it is believed that the cavitation also
precedes the formation of shear bands in toughened thermosets, even though
identical in-situ studies on toughened thermosets are still not available.

Cavitation is equivalent to the generation of randomly distributed voids. In-
deed such a morphology has been simulated by using either a non-reactive rub-
ber [161] or hollow latex spheres as the dispersed phase [165–167]. In the first
study the liquid rubber remained dispersed and only one single composition has
been studied. In the second study, hollow particles were used, thus creating an
additional interface. Using such pseudo-porous systems, both groups claimed
the ability of voids to toughen epoxies in the same manner and to the same mag-
nitude as rubber particles. The same group calculated the stress distributions of
spherical inclusions, being either rubber [168, 169] or voids [170, 171], in an iso-
tropic epoxy matrix or in polyamides [172] based on a finite element model. It
was concluded that the effect of voids or a rubbery phase is very similar. These
inclusions can release the degree of triaxial stresses at the crack tip and lead to
the formation of shear bands. Even though this model allowed one to predict the
possibility of void toughening, the finite element approach does not allow one to
take into account the multiple interactions between voids.

The most widely used model to relate the toughness to morphological char-
acteristics is the interparticle distance (IPD) concept, first presented by Wu [99].
He studied the deformation behavior in rubber toughened nylon which clearly
shows a brittle-ductile transition. Together with the results from image analysis,
he concludes that a ductile behavior results if the IPD decreases below a critical
value. This critical interparticle distance is considered as a material characteris-
tic. This concept also forms the basis of toughening strategies in thermosets,
even though no clear experimental evidence of a critical interparticle distance
has been reported for rubber toughened thermosets.

To summarize the above observations, it was concluded that the cavitation is
at the origin of the shear band formation. Thus the question arises as to whether
the toughness can be enhanced by using voids as the dispersed phase. The ex-
perimental verification of the above theoretical predictions of void toughening
requires a technique which yields porous thermosets having closed pores with
sizes and distributions in the µm-range similar to those commonly used for
toughening with rubber or thermoplastic particles. The void toughening should
lead to materials which would combine low density with high toughness. Such
materials would be highly desirable for many applications such as transport in-
dustries.

Solvent-modified and macroporous epoxies prepared via the CIPS technique
are ideal materials to verify these predictions and to throw some light on the on-
going discussion on the role of the second phase and cavitation for the toughen-
ing of thermosets.



Macroporous Thermosets by Chemically Induced Phase Separation 223

5.1
Calculation of Stress Distribution in Macroporous Epoxies

Upon loading a void-containing material, a certain stress distribution in the
sample will develop that proceeds and determines the following deformation.
Typically the voids (or other dispersed phase) will tend to concentrate stresses
to interphases between materials of different modulus. Even though no com-
plete picture exists of what will happen upon deformation, such a stress descrip-
tion may give a better understanding of the relation between stress concentra-
tions in the sample due to the voids and the final fracture behavior.

Fond et al. [84] developed a numerical procedure to simulate a random dis-
tribution of voids in a definite volume. These simulations are limited with re-
spect to a minimum distance between the pores equal to their radius. The de-
tailed mathematical procedure to realize this simulation and to calculate the
stress distribution by superposition of mechanical fields is described in [173] for
rubber toughened systems and in [84] for macroporous epoxies. A typical result
for the simulation of a three-dimensional void distribution is shown in Fig. 40,
where a cube is subjected to uniaxial tension. The presence of voids induces
stress concentrations which interact and it becomes possible to calculate the ap-
pearance of plasticity based on a von Mises stress criterion.

The stresses around the particles are determined to find the maximum von
Mises equivalent stress. These calculation show that the mean value of the stress
concentrations is a few percent greater than the exact value for a single void in
an infinite matrix. The effect of mechanical interaction globally increases the

Fig. 40. Distribution of voids resulting from simulation
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maximum von Mises equivalent stress and the appearance of plasticity is en-
countered for a lower external loading. Practically, the yield stress of the mate-
rial decreases when interaction is present.

A typical example of the stress distribution in the z-direction, s33, at a con-
stant value of z is shown in Fig. 41 for a sample containing 138 voids subjected
to a deformation of 1%. Clearly a large number of points are observed where the
stress is completely released. These points correspond to locations where a void
can be found either closely below or above the plane at the considered value of
z. This picture also demonstrates the importance of the interaction of voids on
the stress concentrations. If the distance between two neighboring pores is large,
no increase in stress concentration is observed. However, if several voids are lo-
cated very close to each other, the interaction leads to the buildup of local stress-
es, which are considerably higher than the imposed loading. Hence these calcu-
lations confirm the importance of the distance between the pores in generating
local stress concentrations, thus enabling multiple shear band formation.

This observation is also confirmed if one plots the normalized von Mises
stresses for the same conditions (Fig. 42). Again, one recognizes a large number
of points where the stress is released and, on the other hand, a considerable
number of regions where the von Mises stress becomes twice as great as the ex-
ternal loading. Those regions will lead to an effective lowering of the onset of
plastic deformation, representing the yield point. The calculations predict the
plasticity to appear locally for macroscopic loadings, which are lower than the
yield stress of the neat matrix by a factor of about 1.7–2.3. The normalized dis-

Fig. 41. Simulated stress distribution in the z-direction for a sample containing 138 voids
subjected to a deformation of 1%
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tribution of stress concentration seems to be insignificantly influenced by the
volume fraction of pores in the range 2–10%.

The numerical simulations of the stress distributions are carried out on po-
rous materials submitted to uniaxial loading. In order to check the validity of the
numerical simulations, macroporous epoxies are prepared via the CIPS tech-
nique. Cyclohexane is selected as the solvent, thus resulting in the formation of
a closed porosity, and the statistical distribution of the voids coincides with the
random distribution of the model system. The structural characteristics of these
materials prepared by curing at T=80 ˚C are summarized in Table 4.

Table 4. Characteristics of macroporous epoxies used for compression testing

Wt % cyclohexane Density after drying
(g/cm3)

Porosity
(%)

Pore diameter
(µm)

IPD
(µm)

15 1.123    –  –  –
16 1.1   2.05 1.3 2.5
18 0.982 12.6 4.4 2.7
20 0.975 13.2 4.9 2.9
22.5 0.935 16.7 5.3 2.4
25 0.94 16.3 6.6 3.1

Fig. 42. Von Mises stress distribution for a sample containing 138 voids subjected to a de-
formation of 1%
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Typical results of stress deformation curves under uniaxial compression of
the neat matrix material and a porous epoxy prepared with 20% cyclohexane,
thus exhibiting a porosity of around 13%, are plotted in Fig. 43. In these curves
one can distinguish mainly three different regions. In the early stage of deforma-
tion the material shows an ideally linear behavior. The modulus, given by the
slope in this early stage of deformation, decreases as a consequence of the gen-
eration of a porous morphology. The onset of plastic deformation leads to a de-
viation from linear behavior. It is concluded from the simulations that the shear
banding starts at a limited number of voids (<5%) which satisfy the yield crite-
rion. As the external load increases further in the second region, the stress con-
centrations in the material become more important, involving a continuously
increasing number of pores to fulfill the yielding criterion. As the stress concen-
trations exceed the yield stress in the entire material, extensive plastic deforma-
tion takes place in region 3.

The calculations are limited to the elastic behavior. Therefore, in the follow-
ing discussion the onset of plastic deformation will be taken as a comparative
value for the yield strength, sy, and not the stress at the onset of extensive plastic
deformation, sp. Figure 44 shows the experimental data of the yield strength, sy,
as well as sp in comparison to the values calculated from the theoretical model.
Even though the concentration of solvent has been varied stepwise with steps of
2%, a drastic difference in porosity is obtained for samples prepared with 16 wt
% and 18 wt % cyclohexane. Thus, for this particular system, no porous epoxies
could be prepared with the CIPS technique with porosities in the range 2–10%.
On the other hand, the calculations were limited to 10% porosity. The calcula-
tions based on the theoretical model, with the restriction of a separating dis-
tance between voids of at least one radius, predict a decrease in yield strength to
around 45–55% of the value for the neat matrix, independent of the degree of po-
rosity. The experimental values for the yield strength, taken as the first point of

Fig. 43. Load displacement curves under uniaxial compression for the neat epoxy (line a)
and macroporous epoxy networks prepared via CIPS with 20 wt % cyclohexane (line b)
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deviation from the linear behavior, as discussed above, are somewhat higher
than the predicted values. However, if one compares the strength at the onset of
extensive massive plastic deformation, sp, to the theoretical predictions, it is
confirmed that the theoretical and experimental values are in good agreement.

These theoretical calculations predict that the generation of a porous mor-
phology leads to a decrease in modulus and yield strength, and are in good
agreement with experimental data. Furthermore, the calculation of stress distri-
bution, which takes into account the interaction of randomly dispersed voids,
predicts the buildup of local stress concentrations which in turn can initiate
shear banding.

5.2
Fracture Toughness of Solvent-Modified and Macroporous Epoxies Prepared via CIPS

Cyclohexane is surveyed as selective solvent to give porous morphologies with
narrow size distribution and volume fractions up to 20%. In Sect. 4.3.4 it has
been shown that the morphology can be varied by using a catalyst. Here, results
of single edge notched bending (SENB) tests [85, 87] of solvent-modified and
macroporous epoxy networks prepared with cyclohexane using either no or 1 wt
% catalyst at identical curing temperatures will be treated. The morphologies of
these samples are well characterized by image analysis as presented in the pre-
vious sections, thus allowing one to investigate the influence of morphology on
the fracture behavior.

In a first testing series, the fracture behavior of the neat, fully crosslinked
epoxy network was studied. A fully unstable crack propagation behavior was ob-
served and the critical stress intensity factor, KIc (0.82 MPa´m1/2), and the crit-
ical energy release rate, GIc (0.28 kJ/m2), were determined [87]. These are typical
values for highly crosslinked epoxy networks prepared with DGEBPA and aro-
matic or cycloaliphatic diamines.

Fig. 44. Comparison of theoretical predictions and experimental results for the lowering of
yield strength, sy, and stress at the onset of extensive plastic deformation, sp, obtained from
macroporous epoxies prepared via CIPS related to the values of the neat matrix, sy0 and sp0
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The curing reaction of all series is carried out at 40 ˚C for 20 h. Even though
this period is long enough to ensure phase separation, gelation, and vitrification
even for high solvent concentrations, the crosslinking is not completed. Further-
more, a considerable amount of cyclohexane does not participate in the phase
separation and remains dissolved in the matrix. Both the plasticization effect of
dissolved solvent and the low curing temperature lead to networks with lowered
crosslink densities, which cannot be compared to the neat, fully crosslinked ma-
trix.

Two subsequent heat treatments are carried out to process the samples fur-
ther, thus yielding solvent-modified and macroporous epoxy networks for the
mechanical testing. After the isothermal curing process the samples are heated
stepwise with 20 K/h to 180 ˚C. This process allows for complete reaction at min-
imum solvent loss. After this heat treatment, the material consists of a highly
crosslinked network with dispersed liquid droplets and part of the solvent re-
maining dissolved in the matrix, thus contributing to plasticization. These ma-
terials will be termed solvent-modified in the following. Macroporous epoxy net-
works are prepared by holding the samples at 200 ˚C under vacuum for five days.

Figure 45 shows the glass transition temperature of solvent-modified net-
works prepared with various amounts of cyclohexane. It is seen, that Tg is inde-
pendent of, or varies only slightly with, the initial amount of cyclohexane after
the heat treatment. The Tg-values of solvent-modified epoxy networks are lower
than for the fully crosslinked network, which is a result of the cyclohexane dis-
solved in the matrix, with a concentration given by the binodal curve and there-
fore is independent of the initial amount of cyclohexane.

Various types of crack propagation, namely unstable, partially stable, and ful-
ly stable can be observed during SENB tests [85, 131]. Solvent-modified epoxy
networks prepared via CIPS with 13–16 wt % and 22 wt % cyclohexane show un-
stable crack propagation. For solvent-concentrations of 18 wt % and 20 wt % cy-
clohexane, a partially stable crack propagation is observed. The amount of en-
ergy consumption upon crack propagation is only 10% and 14% respectively for
these two compositions. The change in the fracture behavior indicates that the

Fig. 45. Glass transition temperature of solvent-modified epoxy networks used for SENB
testing and prepared via CIPS with various amounts of cyclohexane
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generation of a liquid dispersed phase allows for additional energy absorption
upon crack propagation. The values of KIc and fracture energy, G, are represent-
ed in Fig. 46a,b to quantify the increase in toughness. The fracture energy, G, is
calculated from the total area under load-displacement curves, thus taking into
account the energies for crack initiation and crack propagation.

One might argue that an increase in toughness in solvent-modified networks
results from the considerable amount of solvent remaining in the matrix. There-
fore solvent-modified networks are prepared with 13 wt % cyclohexane corre-
sponding to the highest solvent concentration which can be added to the precur-
sor mixture without undergoing a phase separation upon curing. This composi-
tion serves as reference to take into account the plasticization effect caused by
cyclohexane dissolved in the network. The Tg of this material is identical to sol-
vent-modified epoxy networks prepared with higher concentrations and con-
taining up to 12 vol. % dispersed liquid droplets (Fig. 45). Figure 46 clearly re-
veals the significant increase in toughness which is due to the formation of well
dispersed liquid droplets and which cannot be explained only by the plasticiza-
tion effect.

Fig. 46. a Critical stress intensity factor, KIc, of solvent-modified and macroporous epoxy
networks prepared via CIPS with various amounts of cyclohexane. b Fracture energy of sol-
vent-modified and macroporous epoxy networks prepared via CIPS with various amounts
of cyclohexane
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The toughening efficiency is relatively low for such highly crosslinked epoxy
networks. Sue studied the toughness of epoxy networks prepared from DGEBPA
and a cycloaliphatic diamine without indication of the chemical structure of the
curing agent. He determined the critical stress intensity factors with three dif-
ferent experiments and obtains KIc=0.78 MPa´m1/2 for the neat matrix and a val-
ue of KIc=1.07 MPa´m1/2 for a system prepared with 10% core shell particles
[174]. For comparison, one fully crosslinked epoxy sample modified with 10%
core shell particles was prepared with our DGEBPA-PACP system. These exper-
iments gave KIc=1.43 MPa´m1/2 and G=0.628 kJ/m2. Typical results of load-dis-
placement curves for solvent-modified and macroporous epoxies of identical
composition are shown in Fig. 47.

While solvent-modified epoxies show a considerable increase in toughness, a
completely brittle behavior is observed after the drying procedure. Only those
samples with volume fractions higher than 10% can be tested, because no natu-
ral cracks, which are necessary for correct SENB measurements, can be intro-
duced into macroporous epoxies with porosities lower than 10% owing to their

Fig. 47. Load-displacement curves of solvent-modified and macroporous epoxy networks
prepared with 20 wt % cyclohexane via CIPS with SENB testing at 1 mm/min

Fig. 48. Density of solvent-modified, semi-porous, and macroporous epoxy networks pre-
pared via kinetically controlled CIPS with 1 wt % catalyst
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extreme brittleness. The KIc-values are similar to those of the plasticized epoxy
matrix, whereas fracture energy values are even lower. It was not clear if this em-
brittlement results from the porous morphology or if it is caused by oxidation at
the surface during the drying process, which might also drastically effect the
macroscopic properties.

In a second series of experiments, similar materials were prepared with 1 wt
% catalyst to investigate the influence of morphology on the toughening. In ad-
dition to the two heat treatments to generate solvent-modified and macroporous
epoxies as presented before, a third heat treatment was carried out to give a
semi-porous morphology. A brief heating above Tg and under vacuum results in
partial solvent removal. The differences in the three heat treatments is clearly re-
vealed with density measurements as shown in Fig. 48.

As for the samples prepared without catalyst, the ability for energy absorp-
tion after crack propagation decreases strongly as the solvent is removed. This
is reflected in Fig. 49, where the load displacement curves of solvent-modified,
semi-porous, and macroporous epoxies prepared with initially 22 wt % cy-
clohexane (f=18.5%) are shown. The crack length is the same in all three cases.
Therefore the decrease in maximum load is directly proportional to the decrease
in KIc. It is also clearly seen that the fracture behavior changes drastically and
that the surface under the load-displacement curve, which is used to calculate
the fracture energy is significantly lowered.

The quantitative results of fracture energy, which are calculated from the total
area under load-displacement curves, are presented in Fig. 50. It becomes obvi-
ous, that a brittle-tough transition exists at a volume fraction of around 10%.
This brittle-tough transition is observed for solvent-modified as well as semi-
porous epoxies. A brittle behavior is observed in macroporous epoxies after
complete solvent removal, thus giving low fracture energies similar to the neat
epoxy for each porosity.

Fig. 49. Load-displacement curves of solvent-modified, semi-porous, and macroporous
epoxies prepared with 22 wt % cyclohexane via kinetically controlled CIPS with 1 wt % cat-
alyst
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It might be argued that the brittle tough transition and the embrittlement
upon drying is related to variations in the extent of reaction and hence to Tg.
However, no significant changes in Tg as a function of solvent concentration
were found (Fig. 51).

The brittle-ductile transition which is observed above clearly results from a
change in the morphology. However, it is not clear whether this is a result of de-
creasing the particle size and inter-pore distance (IPD) or increasing concentra-
tion. It has earlier been shown that the IPD remains constant for this system pre-
pared with 1 wt % catalyst (Fig. 35). Therefore the IPD-concept introduced by
Wu [99] cannot be the single morphological parameter which determines the
toughness. Moreover the toughness is the result of synergistic effects, which are
not yet fully understood.

To complete the analysis of the fracture toughness the values of KIc and GIc
calculated from the maximum load and the energy for crack initiation are sum-
marized in Fig. 52. It becomes obvious that the brittle-ductile transition, which

Fig. 50. Contribution of energy for crack propagation to the total fracture energy for sol-
vent-modified epoxies prepared via CIPS with 1 wt % catalyst porous, and macroporous
epoxies prepared via kinetically controlled CIPS with 1 wt % catalyst

Fig. 51. Glass transition temperature of solvent-modified, semi-porous and macroporous
epoxies prepared via kinetically controlled CIPS with 1 wt% catalyst
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can be shown from Fig. 50 is also observed from the GIc-values. However this
transition can hardly be shown from the KIc-values because the experimental er-
ror is nearly identical to the increase in toughness which is typical for the tough-
ening of very highly crosslinked systems. As mentioned previously, the toughen-
ability depends strongly on the crosslink density. Therefore precursor mono-
mers yielding lower crosslink densities should be selected to demonstrate better
the ability of dispersed liquids or voids to increase the toughness. Changing the
precursor monomers automatically influences the miscibility and phase separa-
tion behavior and therefore requires one to select convenient solvents and eval-
uate optimum reaction conditions to prepare solvent-modified and macropo-
rous thermosets with controlled morphologies via CIPS.

As a summary of the findings the synthesis of solvent-modified epoxies via
CIPS can lead to a substantial increase in fracture energy of up to 400% even
though a very highly crosslinked matrix material is used in the present study.
The macroscopic fracture behavior changes from completely brittle to a partial-
ly stable or even fully stable crack propagation behavior with increasing volume
fraction of the dispersed phase. This improvement in toughness is only partly
due to the plasticization effect, which is caused by the solvent portion that re-
mains dissolved in the crosslinked matrix and is not involved in the phase sepa-
ration. Moreover, it results from the formation of randomly distributed liquid
droplets. It is thought that the dispersed, liquid phase which has a very low cav-
itation resistance, drastically affects the stress distribution upon loading, thus
initiating shear banding, which is responsible for the increase in toughness. It
remains questionable whether the embrittlement which is observed upon the
thermal removal of the liquid phase might be due to a skin effect resulting from
oxidation at the surface or result from the formation of a truly porous morphol-
ogy. We intend to overcome the thermal ageing problem by using alternative
methods such as supercritical extraction to generate the pores [22].

Fig. 52. Critical stress intensity factor, KIc, and critical stress energy release rate, GIc, of sol-
vent-modified, semi-porous, and macroporous epoxies prepared via kinetically controlled
CIPS with 1 wt % catalyst calculated from SENB tests
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Two systems have been studied which both display narrow size distributions
but significant differences in size, concentration, and IPD. The toughness is the
result of synergistic effects of morphological parameters and clearly the two se-
ries of morphologies and measurements presented here are not sufficient to
draw general conclusions for the complex relationships between the morpholo-
gy and toughening. However, these results confirm much of the observations de-
scribed by other research groups and are combined to yield a better understand-
ing on toughening. Our results clearly show that the nature of the dispersed
phase, which in our case is liquid droplets, is not responsible for the improve-
ment in toughness. Furthermore, it can be concluded that the IPD distance can-
not be the single morphological parameter to explain the improvement in
toughness. For solvent-modified epoxies prepared via CIPS by using 1 wt % cat-
alyst, a brittle-tough transition is found, whereas the IPD, which is determined
from image analysis and density measurements with high accuracy, is found to
be constant for the brittle and the tough systems and the IPD does not depend
on the volume fraction. However the fracture behavior might be influenced by
the size or concentration of the dispersed phase, which cannot be varied inde-
pendently for two-phase morphologies prepared via a phase separation process.
A continuous increase in fracture energy is observed in systems prepared with-
out catalyst, whereas those systems prepared by using 1 wt % catalyst, which
have lower domain sizes and higher concentrations, show a brittle-tough transi-
tion.

One morphological parameter that cannot be quantified and only qualitative-
ly described might be the key to explain the above findings – particle dispersion.
The brittle-tough transition is observed at around 10 vol. %. At higher concen-
trations the image analysis reveals a considerable number of particles with spac-
ings lower than one radius. The number and concentration of such local agglom-
erations, consisting of well dispersed single domains which are neither chemi-
cally nor physically linked, increase automatically with increasing volume frac-
tion until percolation occurs. The stress distributions in the vicinity of such ag-
glomerations cannot be calculated with the actual model, where the simulation
of a random distribution is limited to a minimum spacing equal to the diameter
of the domains [84, 173]. Such local agglomerations might drastically influence
the stress distribution and initiate multiple shear banding, thus allowing for in-
creased toughness. This explanation agrees very well with the recent observa-
tions of Pearson et al. [128, 129] and Sue et al. [98, 130], who all observe higher
toughness in systems clearly showing such agglomerations. This might also ex-
plain the results of Béguelin [131] on the toughness of PMMA modified with
polyurethane to give an interpenetrating network. Additionally the percolation
model proposed by Margolina and Wu must be cited [175], where it is argued
that the brittle-tough transition results from the percolation of matrix ligaments
with distances lower than a critical value. This model coincides with the present
explanation and also accounts for the alignment of cavitated particles, which has
been reported by Sue [155] and Lazzeri and Bucknall [154]. Even though Wu’s
percolation model [175] is a refinement of his IPD concept and seems to be ap-
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propriate to give a reasonable explanation of the phenomena observed in tough-
ened thermoplastic and thermosetting polymers, this model has not gained as
much attention as the IPD concept [99].

The above hypothesis, that the toughening efficiency is enhanced by the for-
mation of local agglomerations, requires intensive theoretical calculations of
stress distributions as well as the preparation and characterization of morphol-
ogies with a controlled level of dispersion and local agglomeration respectively.

6
Macroporous Cyanurate Networks

In the previous sections it has been shown that the CIPS technique allows one to
prepare solvent-modified and macroporous epoxy networks with controlled
morphologies. However, it is possible to extend the CIPS technique to other
classes of thermosetting polymers, thus demonstrating that the strategy of CIPS
is general and can be applied to nearly any type of crosslinking chemistry in-
volving the formation of a highly crosslinked network starting from low molec-
ular weight precursor monomers. It is a matter of enough change in free energy
of the system either by entropy or by enthalpy changes. Here we aim to show po-
tential of the CIPS technique for lowering the dielectric constant of thermoset-
ting cyanurate esters by the formation of a porous structure.

Cyanate ester resins are an emerging class of high performance thermoset-
ting polymers which offer a substantial potential for applications in microelec-
tronics based on their unique combination of desirable properties such as low
dielectric constant, low water absorption, good adhesion to metals, high ther-
mal stability, and initially low monomer viscosity [176, 177]. Due to these favo-
rable properties, cyanate ester resins are used in microelectronics as insulators
for high performance applications in printed wiring boards [178] or multichip
modules [179]. Further improvements in printed circuit technology require ma-
terials exhibiting a lower dielectric constant since the propagation delay of elec-
tronic signals varies with the inverse of the square root of dielectric constant,
which then allows for denser wiring at acceptable cross-talk noises [180, 181].
Hedrick and coworkers have demonstrated that lowering the dielectric constant
can be successfully achieved by the generation of a porous morphology [27, 28,
31–33, 35] where the material is substituted by air, having a dielectric constant
of 1.

As a consequence of high crosslink density, unmodified cyanurates are inher-
ently brittle. Similar to the toughening of epoxies described previously, cyanate
ester resins can also be toughened by second phase particles [182, 183]. For cy-
anurates, thermoplastic particles are mostly used as toughener in order to main-
tain the high thermal stability of the matrix and due to the enhanced thermal
stability of the modifier required for high temperature cure [182]. Toughened
cyanate ester resins have entered applications as high performance matrix ma-
terials for aircraft composites [184], especially in radome applications [185].
However, the incorporation of second phase particles is often at the expense of
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the desired dielectric properties. The synthesis of macroporous cyanurates with
tunable morphologies via CIPS therefore seems a promising route to combine
lowering of dielectric constant with improved toughness.

6.1
Materials Selection and Chemistry of Cyanate Ester Resins

Bisphenol-E cyanate ester, BPECN, is selected as the cyanate ester precursor be-
cause it provides high thermal stability starting from monomers with low vis-
cosity (Table 5). Due to the high degree of symmetry, cyanurates exhibit a low
dipole moment and consequently a low dielectric constant. The cyclotrimeriza-
tion results from the reaction of two cyanate groups with imidocarbonate [176,
177]. The favorable intermediate product, imidocarbonate, is easily obtained
during the reaction of the precursor monomer and an active hydrogen source,
such as an aryl phenol. As the low dielectric constant results from the symmet-
rical arrangement of the ring structure, it is recommended to use the parent aryl
phenol as the H-donor. Therefore we have chosen bisphenol-E (BPE) as the hy-
drogen source. It is well known that the final extent of conversion increases with
the amount of active hydrogen source [186]. For our experiments 1% of BPE was
necessary to achieve sufficient conversion to induce phase separation.

The reaction rate of cyanate ester resins can be increased by using catalysts
such as carboxylate salts or chelates of transition metal ions. The role of transi-
tion metal ions in the polymerization reaction consists of facilitating the cycli-
zation reaction of three cyanate monomer functionalities by the formation of

Table 5. Molecular structure and properties of bisphenol-E cyanate ester resin (BPECN)

Product name Molecular structure Tg
˚C

Viscosity
at 25 ˚C
cP

Water 
absorption
%

e
(1 MHz)

Bisphenol-E
cyanate ester 
(AroCy L10)

 258 90–140 2.4 2.98

Scheme 2
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co-ordination complexes [187, 188]. The reactivity of different catalysts towards
the curing of BPECN was investigated in [187, 188]. Based on this knowledge, co-
baltacetylacetonate is chosen as the catalyst because it combines exceptional
long pot life with fairly high reactivity.

Cyanate ester monomers must be stored under dry conditions, because water
can react with cyanate ester resins and deliver carbamates as undesired side
products (Scheme 2) [186]. Even when the carbamates are only formed in the
presence of a catalyst, this catalytic effect can be caused by traces remaining
from the monomer synthesis. The formation of carbamates is critical, as they
can decompose to amines and CO2. While the amine easily reacts with another
cyanate ester, the CO2 can act as a blowing agent and hence leads to uncontrolled
porosity during the processing.

Experimentally a cyanate ester precursor mixture consisting of BPEC, 1 wt %
BPE, and 100 ppm cobaltacetylacetonate was prepared and subsequently mixed
with the cyclohexane phase separating solvent [86]. Essentially the same proce-
dure as for the epoxy is used for sample preparation with the difference that the
curing was done at 80 ˚C and post drying at 240 ˚C.

6.2
Morphology, Thermal and Dielectric Properties

The cyclotrimerization is usually performed at temperatures above 150 ˚C with-
out any catalyst required. Preliminary experiments showed that such high cur-
ing temperatures lead to samples showing very large domains of some millime-
ters when neat BPECN is cured in the presence of cyclohexane. These inhomo-
geneities are largely caused by exceeding the boiling point of cyclohexane
(78 ˚C). In order to prepare homogeneous samples, it was necessary to lower the
curing temperature. We found experimentally that the curing of BPECN can be
performed at temperatures as low as T=80 ˚C within 24 h by adding 1 wt % of
BPE as the hydrogen donor and 100 ppm of cobaltacetyl-acetonate as catalyst
[86].

When BPECN is used as the precursor for the synthesis of macroporous cya-
nurates, phase separation resulting in the formation of opaque samples is
achieved by using at least 16 wt % cyclohexane as the dispersed phase at a curing
temperature of 80 ˚C. It was observed that phase separation started after ap-
proximately 18–20 h, whereas gelation took place around 1 h after the start of
the phase separation. The maximum amount of cyclohexane which could be dis-
solved in BPECN by slight stirring at T=60 ˚C for around 2 h, was 20 wt %. Sam-
ples at concentrations of 15 wt % cyclohexane or lower remained transparent
and no separated domains were found with SEM even at highest magnification.
Hence this system exhibits a very narrow phase separation gap with 16–20 wt %
cyclohexane. The influence of concentration on the domain size was visible from
SEM-micrographs of macroporous cyanurate networks prepared via CIPS with
16, 17.5, and 20 wt % cyclohexane [86]. It was found that the domain sizes and
volume fraction increase with increasing amount of cyclohexane and that the
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pores were spherical with sizes of around 5–20 µm. The pore sizes are consider-
ably larger in macroporous cyanurates than in epoxies. We believe that this is
due to lower reaction rates in cyclohexane-modified cyanurates.

The increase of pore size with increasing amount of solvent can also be mon-
itored with dynamic DSC-measurements. An endothermic peak at T=7 ˚C, cor-
responding to the melting point of crystalline cyclohexane, is observed in the
opaque samples after the phase separation resulting from the formation of dis-
persed cyclohexane droplets (Fig. 53).

Fig. 53. DSC scans of cyclohexane-modified cyanurates after curing at T=80 ˚C showing
melting peaks of cyclohexane

Fig. 54. Melting enthalpies of cyclohexane detected in cyanurates cured with various
amounts of cyclohexane at T=80 ˚C
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The melting enthalpy related to the sample mass, represented by the area of
this melting peak, increases nearly linearly with increasing amount of solvent
once phase separation has occurred (Fig. 54). The appearance of such a melting
peak has also been observed for cyclohexane-modified epoxies prepared with
more than 20 wt % cyclohexane, having domain sizes larger than around 5 µm
and a volume fraction of higher than around 13%.

It is not clear whether the melting peak results from the appearance of do-
mains larger than a critical size, or if this endothermic peak is caused by the for-
mation of interconnected pores. A more reasonable argument derives from the
differences in the phase separation behavior of the two systems. During the
phase separation process a polymer-rich and a solvent-rich phase are generated
with compositions which are ideally given by the binodal line representing ther-
modynamic equilibrium. Usually the continuous as well as the dispersed phase
still contain a certain amount of the minor phase. The low molecular weight liq-
uid remaining in the polymer-rich phase leads to a plasticization, thus lowering
the Tg of the material. On the other hand the liquid droplets always contain some
polymeric moieties. In the case of cyclohexane-modified epoxies, the formation
of a crystalline cyclohexane phase might be suppressed due to the existence of a
considerable amount of epoxy precursors remaining inside the liquid droplets.
However, the equilibrium compositions are different in cyclohexane-modified
cyanurates and might be very close to the pure phases. Indeed we surmise that
the large change in entropy, which results from the transition of small, liquid
precursor monomers into a rigid network structure, is responsible for pushing
out close to the entire amount of solvent. Consequently the dispersed droplets,
consisting of pure cyclohexane, can crystallize upon cooling and therefore form
the endothermic melting peak upon reheating during DSC-measurements.

The chemical conversion of cyanate esters to form the triazine ring, resulting
in a three-dimensional network structure, can be monitored with FTIR spec-
troscopy since both precursors and crosslinked resin absorb strongly at wave
numbers with little interference from other peaks (Fig. 55). The stretching vi-
brations of the cyanate group create a significant doublet at 2270 and 2240 cm–1

[177]. This group is detected in the monomer precursor as well as in cyclohex-
ane-modified cyanurates after phase separation, but prior to the drying proce-
dure. After drying, the doublet of the cyanate stretching vibration has almost
completely vanished, thus indicating that a simultaneous post curing has been
effectively realized. The triazine ring stretching band at 1365 cm–1 is observed
after the phase separation. Its intensity is further increased after the drying pro-
cedure owing to the post curing. The large absorption band at 1562 cm–1 is as-
sociated with the phenol oxygen-triazine ring stretching. These two bands can
also be observed in the precursor monomer, thus indicating the existence of a
small amount of oligomers even in the precursor mixture.

Density measurements were carried out on a gradient column and show a
considerable decrease in density for macroporous cyanurates (Fig. 56).

The density drop between the transparent sample with initially 15 wt % cy-
clohexane, and the opaque sample with 16 wt % cyclohexane, is around 17%. We
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Fig. 55. FTIR spectra of cyanurates: uncured BPECN (AroCy-L10 (line a); cyclohexane
modified cyanurate prepared via CIPS with 20 wt % cyclohexane after curing at T=80 ˚C
(line b); macroporous cyanurate prepared via CIPS with 20 wt % cyclohexane after drying
(line c)

Fig. 56. Density of solvent-modified and macroporous cyanurates prepared with various
amounts of cyclohexane via CIPS
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surmise that once the phase separation starts, nearly all of the cyclohexane is in-
volved in the phase separation owing to the substantial changes in entropy in cy-
anurates as mentioned above. This agrees well with the appearance of melting
peaks resulting from crystalline cyclohexane droplets, which are observed with
dynamic DSC measurements. The subsequent increase in density with a higher
amount of solvent can be explained by interconnected and open pores, allowing
the solvent mixture in the density column to penetrate into the samples. Such in-
terconnected pores are visible from the corresponding SEM micrographs [86].
According to this observation, the volume fraction of pores cannot be deter-
mined exactly with density measurements and is therefore calculated based on
the assumption that all the cyclohexane is involved in the phase separation to
yield pure cyclohexane droplets which become voids after the drying procedure.

The dielectric constant of the pure cyanurate network under dry nitrogen at-
mosphere at 20 ˚C is 3.0 (at 1 MHz). For the macroporous cyanurate networks,
the dielectric constant decreases with the porosity as shown in Fig. 57, where the
solid and dotted lines represent experimental dielectric results together with the
prediction of the dielectric constant from Maxwell-Garnett theory (MGT) [189].
The small discrepancies between experimental results and MGT might be due to
the error in estimated porosities, which are calculated from the density of the
matrix material and cyclohexane assuming that the entire amount of cyclohex-
ane is involved in the phase separation. It is supposed that a small level of mis-
cibility after phase separation would result in closer agreement of dielectric con-
stants measured and predicted. Dielectric constant values as low as 2.5 are meas-
ured for macroporous cyanurates prepared with 20 wt % cyclohexane.

With electrical applications in mind, the chemically induced phase separa-
tion technique has been extended to prepare macroporous cyanurate networks
with pore sizes in the micrometer range, thus demonstrating the general appli-

Fig. 57. Dielectric constant of macroporous cyanurates prepared via CIPS
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cability of the technique to any type of thermosets. Closed cell morphologies are
obtained with 16 wt % cyclohexane, while higher solvent concentration leads to
interconnected pores. These materials are characterized by a low dielectric con-
stant without influencing the thermal stability of the matrix material.

7
Conclusions

General strategies to prepare solvent-modified and macroporous thermosets via
chemically induced phase separation have been reviewed. Phase separation re-
sulting in the generation of two-phase morphology leads to desirable properties
such as low density, low dielectric constant, high thermal stability, and enhanced
toughness. To benefit from these properties and allow for industrial applications
it is necessary to control the size and distribution of the secondary phase, be it
either liquid droplets or simply voids. A key to control the morphology and de-
sign new materials is a basic understanding of the thermodynamic origins of
phase separation. A first criterion for solvent selection can be realized while fol-
lowing the solubility parameter approach to express changes in the free enthalpy
of mixing as a function of conversion. These thermodynamic considerations en-
able one to calculate and reconstruct phase diagrams which in turn form the ba-
sis of various strategies to prepare materials having closed or interconnected
pores with sizes in the low µm-range. A gradient oven has been presented which
allows one to screen rapidly a wide temperature and composition range to iden-
tify systems which undergo the desired phase separation. The influence of inter-
nal and external reaction parameters on the morphology has been reported and
it was concluded that low reaction rates favor a nucleation and growth mecha-
nism leading to spherical domains with narrow or alternatively bimodal size dis-
tributions. Experimental studies were limited to thermal curing systems and
considerable size reduction was achieved while using a catalyst which increases
the reaction rate.

Solvent-modified thermosets display enhanced toughness due to the incor-
poration of a second phase material. A brittle-tough transition has been ob-
served which cannot be attributed to changes in the interparticle distance. The
chemically induced phase separation technique offers new routes and strategies
to prepare such materials and enter new areas of applications. Hence, engi-
neered porosity is demonstrated as a research concept developed into a toolbox
for material scientists.

Further reduction of pore sizes might be achieved for UV-curable systems,
thus resulting in nanometer sized pores. Such a scenario is highly desirable to
prepare materials characterized by low dielectric constant useful for microelec-
tronic applications. Nanoporous thermosets are also interesting for the prepara-
tion of microdevices. Open porosities and thermosets serving as membranes
can be prepared by careful adjustment of solvent concentration and reaction ki-
netics, allowing for high reaction rates, thus leading to a chemical quench end-
ing in the spinodal decomposition area of the phase diagram.
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